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Abstract 
 
Structural steels with a ferrite-pearlite microstructure are widely used in civil, mechanical 
and chemical engineering. Increased working loads, reliability requirements, extreme 
temperature and chemically aggressive environments lead to an increased demand for high 
strength, combined with high toughness, in these steels. The use of welding as a joining 
method requires good weldability, for which the carbon content in a steel composition should 
be decreased. A decrease in carbon content results in strength decrease, due to a decrease in 
the amount of the second phase (pearlite). To overcome this strength drop, additions of 
titanium, niobium and vanadium microalloying elements, in amounts no more than 0.15 wt%, 
have been used to provide precipitation strengthening and grain size refinement. Thus, during 
the last thirty years high strength low alloy (HSLA) structural steels have found widespread 
use in automotive, construction and pipe-line transportation industries. 
Manufacture of large diameter (more than 16”, 406.4 mm) welded pipes for oil, gas and 
water transportation systems is a specific sphere of HSLA steel application. The pipe lines 
work in severe environmental conditions from Arctic marine waters to African and Arabian 
deserts and the steels for them should be of very high weldability as well as high strength and 
toughness. To ensure this combination of properties, thermo-mechanical controlled rolling 
(TMCR) has been widely implemented in plate processing technology and the mechanical 
properties are carefully controlled during plate rolling and pipe cold forming. 
The main deformation feature of the UOE pipe forming process is the reverse cold 
deformation in the pipe cross section. Depending on position through wall thickness and 
around the circumference, it is possible to distinguish several deformation zones with 
different strain direction sequences. It is well known that reverse cold deformation may lead 
to a reduction in strength, the Bauschinger effect. Earlier research has shown that the strength 
change from plate to pipe depends on the pipe geometry, strain levels during forming and 
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steel grade. The microalloying element carbonitrides influence the mechanical property 
development during forward-reverse deformation via dislocation-particle interaction, but 
quantitative data about this influence are scarce. The aim of the present project is to study the 
influence of steel chemistry, namely Nb and V content, on strength development during 
reverse cold deformation. This has been carried out via correlation of experimentally 
measured dislocation-particle interaction parameters and the yield stress change during 
forward-reverse deformation.  
Microstructure of two microalloyed steels has been studied with optical, scanning electron 
(SEM) and transmission electron microscopy (TEM). The (Ti, Nb, V)- and Cu-rich particle 
diameter, volume fraction and number density were measured in these steels for the as-rolled 
and annealed (for 30 min. at 400 0C and 550 0C) conditions at the plate sub-surface and mid-
thickness positions. The average particle volume fractions showed good agreement with the 
Thermo-Calc theoretical predictions. TEM measurements of dislocation density were carried 
out for both steels in as-rolled and annealed conditions at the plate mid-thickness position. 
Observed dislocation structure types and measured values of dislocation density correspond to 
the literature data for bcc structures and strains. The Bauschinger effect was measured during 
compression-tension testing of the two studied steels in the as-rolled and annealed conditions. 
The yield stress drop due to the Bauschinger effect has been found to increase with an 
increase in forward pre-strain, dislocation density and particle number density. The main 
reason of strength change during reverse deformation in theses systems (C-Nb and C-Nb-V 
steels) is dislocation-particle interaction; with an increase in dislocation-particle interaction 
sites the yield stress drop increases, which supports the back stress and Orowan theories of the 
Bauschinger effect. On the basis of the obtained results, a quantitative model of work-
hardening behaviour dependence on particle number density and dislocation density has been 
derived for reverse deformation of the studied steel grades. The model validity should be 
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restricted to particle number density values (for 12-50 nm diameter particle size) in the range 
of 70 – 900 μm-3 and dislocation density values in the range of (1.1 … 4.0) x 1014 m-2. In 
addition, the obtained model can only be used for the forward-reverse deformation scheme. 
During more complex deformation schemes, such as forward-reverse-forward and forward-
reverse-forward-reverse, it is possible to expect a different quantitative dependence of 
strength on particle number density and dislocation density, which needs further investigation. 
However, the obtained model allowed a reasonably accurate prediction of the yield stress 
change during the UOE pipe forming process. 
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1. HIGH STRENGTH LOW ALLOY (HSLA) STEELS FOR WELDED PIPE 
FORMING 
 
1.1 Deformation by slip and dislocation theory of work-hardening 
 
The concept of crystal defects, such as dislocations, was introduced in physics by Taylor, 
Orowan and others in the 1930s to describe crystal behaviour during deformation of matter. 
Later work on crystalline materials, especially metals, showed the strong dependence of 
mechanical properties on the presence of dislocations. On the basis of dislocation interaction 
with obstacles in the microstructure (such as grain boundaries, precipitates and other 
dislocations) the yield and work hardening theories were developed. The present work has 
investigated the mechanical property behaviour during reverse deformation in microalloyed 
steels: in particular the yield strength change has been quantitatively related to dislocation-
dislocation and dislocation-precipitate interactions, requiring an understanding of dislocation 
behaviour, which is reviewed in this section. 
 
1.1.1 Deformation by slip 
 
Crystal deformation, by means of translational slip, is shown schematically in Figure 1.1, a, 
where one part of the crystal slides upon the adjacent part. Relative movement of the crystal 
parts in an ideal case is pure translation and the crystal orientations of the parts remain the 
same. In real crystals partial slip occurs, when only one part of the crystal moves along the 
slip plane over another part (Figure 1.1, b). As a result of partial slip crystal distortion or the 
dislocation can be observed, where atoms of the lattice are improperly surrounded by their 
neighbours (Figure 1.1, c). With continued external loading, propagation of slip occurs via a 
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wave of atom displacement and the dislocation starts moving through the crystal in the 
direction of slip (Figure 1.2). Thus in the polycrystalline material macroscopic deformation is 
related to structural imperfections in a single crystal, namely dislocations and their movement.  
 
Figure 1.1 (a) Translational slip, (b) partial slip related to the dislocation of edge type, and (c) 
approximate atom arrangement around the edge dislocation, dislocation is denoted by the ⊥-sign 
 
 
Figure 1.2 Slip propagation by movement of a dislocation 
 
Slip planes and slip directions are not determined by chance. Within a crystal of any type 
there are one or several families of planes along which the atoms are more densely packed. In 
these planes there are also definite directions along which interatomic spacing is a minimum. 
Slip mainly occurs parallel to these densely packed planes and directions. In a polycrystalline 
material, where individual crystals are oriented at different angles to the load direction, slip 
starts in those crystal planes which are oriented most closely to 450 to the stress axis (direction 
of maximum shear stress) along those directions that happen to be most nearly parallel to the 
direction of maximum resolved shear stress.  
In the face-centred cubic structure (fcc), for example, close-packed planes are the {111} 
(octahedral set of planes) and closed-packed directions are the <110> (cube face diagonals) 
(Figure 1.3) [1]. In the body-centred cubic structure (bcc) mostly closed-packed planes are the 
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{110} and the directions <111> (cube diagonals). As the packing density on the {110} planes in 
the bcc structure is not much greater than for other sets of planes, slip in the bcc structure may 
also occur on the {112} and {123} planes, which also contain the <111> direction. In fact slip 
in this structure can start and proceed on any or all of the three slip system types. As the bcc 
structure does not have a close packed plane it requires higher stresses to initiate slip and 
withstands lower plastic deformation to failure than the fcc structure. 
 
Figure 1.3 Slip planes and directions in the (a) fcc and (b) bcc cubic structure 
 
1.1.2 Burgers vector 
 
Figure 1.4 (a) Closed Burgers circuit in perfectly arranged cubic lattice and (b) not closed, due 
to dislocation within the circuit 
 
A dislocation can be uniquely characterised by the Burgers vector b (Figure 1.4). A 
Burgers vector is the closure failure of a loop called a Burgers circuit. A Burgers circuit is 
made by the path of atom-to-atom steps in any one plane of a crystal lattice turning the same 
direction (clockwise or counter-clockwise) after an equal number of steps. If a Burgers circuit 
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surrounds perfectly arranged crystal structure it will be closed, but if it surrounds a dislocation 
it will not close and the closure failure, called the Burgers vector, will characterise the 
dislocation. It is possible to distinguish dislocations of edge, screw and mixed type. An edge 
dislocation will occur when a part of an extra crystal plane occupies the space between 
adjacent crystal planes, Figure 1.5, a, i.e. b ⊥ l, and a screw dislocation occurs when a part of 
a crystal plane is shifted by the Burgers vector parallel to itself, Figure 1.5, b, i.e. b || l, where 
l is dislocation line. 
a b
b
b
l
l
 
Figure 1.5 Schematic diagrams of (a) an edge and (b) a screw dislocation 
 
1.1.3 Dislocation density 
dl
bA L
dh
H
v
ds
τ
F dh
H
 
Figure 1.6 Schematic diagram of a crystal shearing 
 
Consider an elementary segment of a dislocation line dl (Figure 1.6). During an element 
of time dt the segment moves by the distance ds and contributes to the slip of the upper half-
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crystal an amount ds dl/A, where A is the area of the slip plane. The corresponding increment 
of ordinary shear strain will be given by multiplying this by dh/H, i.e. 
H
dh
A
dsdl ⋅ . In the 
general case of plastic deformation many dislocations are involved in the shear process. Thus 
an increment of plastic shear strain during time dt will be a definite integral with respect to the 
total length of dislocations L and the Burgers vector b: 
dh
V
Lb
AH
dsdldhd
L
0
b
0
==γ ∫ ∫ , 
where V = AH is the total volume of the crystals involved in plastic deformation. 
Dividing dγ by dt we will get the strain-rate of shear: 
vbρ=γ& , 
where v is the velocity of shear. 
The parameter ρ = L/V, total length of dislocations per unit volume, is called the 
dislocation density. It has dimensions of inverse area and shows the number of dislocation 
lines intersected by a plane of unit area normal to their length, L. 
 
1.1.4 Mobility of a dislocation 
  
When a crystal is subjected to an applied force (external or internal) a dislocation will try 
to move in the direction of maximum shear stress to lower the potential energy of the system. 
Therefore, to calculate the force on a dislocation let us consider Figure 1.6. If τ is the 
maximum shear stress on the slip plane of area A acting in the direction of slip, the shear force 
will be τA. When an element of dislocation line dl moves in the direction of slip by ds and 
causes the displacement of the crystal, of dsdl / A, then the increment of the work, produced 
by the shear force, is as follows: 
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dsLbds
A
dsdlAdw
L
0
b
0
⋅τ=⋅τ= ∫ ∫τ  
If F is an equally distributed force on the dislocation line its work during the displacement 
of the dislocation increment dl in the direction of slip by ds is as follows: 
∫ ⋅=⋅=
L
0
F dsFLdsFdldw  
As the dislocation is in equilibrium under the action of the force F and crystal shear force 
the increments of work are equal dwτ = dwF, and  
F = τb. 
Since the Burgers vector is the same for all the segments of a dislocation line, this force 
has the same magnitude everywhere along the line and lies in the slip plane perpendicular to 
the dislocation line.  
In the process of dislocation motion atoms on each crystal plane that lie perpendicular to 
the dislocation line far ahead or far behind the dislocation occupy equilibrium positions with 
respect to their neighbours. Atoms near the dislocation are in a metastable state. Atoms ahead 
of the dislocation try to pull it backwards in the reverse direction of slip and atoms behind the 
dislocation, which already occupied new positions, push the dislocation forwards in the 
direction of slip. Thus the dislocation moves not as a whole but by segments. Because of that, 
the force, F, needed to start and propagate the dislocation motion, periodically varies along 
the dislocation line and is several orders of magnitude lower than the shear modulus. 
 
1.1.5 Dislocation-obstacle interaction 
  
As real crystals are not perfect in their structure and possess numerous defects dislocation 
motion does not proceed unimpeded. The defects act as obstacles to the moving dislocations 
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and may fully stop or slow their further propagation. The most important obstacles in the 
context of this work are grain boundaries, solute atoms, precipitates of alloying elements and 
other dislocations (mobile or sessile). Qualitative principles of dislocation-obstacle 
interactions are described below, for a more quantitative approach see section 1.4. 
 
Under the action of external loading newly produced and existing dislocations move along 
the slip planes until they reach a grain boundary. As individual crystals are situated at rather 
high angles to each other, dislocations normally cannot cross the boundary and a pile-up 
occurs by the boundary. Within a small grain the pile-up occurs at lower strains, compared to 
a large grain, as there is little space for free dislocation motion from a boundary to the 
opposite boundary. So external forces (the yield stress), required to continue deformation 
(dislocation motion, new dislocation formation), increase with decreasing grain size. That is 
the principle of grain refinement strengthening. 
The presence of solute element atoms causes distortion of the matrix lattice. Stress fields 
around the solute atoms (substitutional or interstitial) interact with dislocations retarding 
dislocation propagation. Stress fields associated with dislocations (mainly of edge type) 
attract solute atoms (mainly interstitial) and Cottrell atmospheres are formed [2]. These lock 
the dislocations and hinder their motion. To continue deformation by slip either the 
dislocations should be torn away from their atmospheres or the atmospheres should be moved 
together with the dislocations. This requires higher stresses than to move unlocked 
dislocations. Thus the yield stress increases with alloying due to solid solution strengthening. 
Alloying elements tend to form chemical compounds with each other or non-metallic 
elements (such as carbon, nitrogen and sulphur in steels). Interaction between particles and 
moving dislocations depends on precipitate size, particle coherency with the matrix and 
interparticle spacing (Figure 1.7). Small coherent particles may be easily passed by moving 
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dislocations. Dislocation interaction with large incoherent particles depends on interparticle 
spacing. If an interparticle spacing is less than λ = αGb/τ (where α is constant, G is shear 
modulus, b – magnitude of the Burgers vector and  τ - applied shear stress) [2], a dislocation 
will tend to move through the particles and finally bisect them. If an interparticle spacing is 
above λ, a dislocation will tend to bend between the particles and bypass them having left the 
particles surrounded by dislocation loops. Particle cutting will require increasing stresses with 
particle strength increase due to composition effect on interatomic bond strength and lattice 
type; and particle size increase, as particle coherency with the matrix generally decreases as 
particle size increases. In both cases the defect energy of crystal structure increases, either by 
increase in particle-matrix surface or total dislocation length. In terms of macroscopic 
deformation – to increase the internal energy greater external loading is needed. Thus the 
yield stress increases due to precipitation of alloying elements. 
 
Figure 1.7 Schematic diagram of dislocation-particle interaction 
 
Interaction of moving dislocations with other dislocations (mobile or sessile) present in the 
crystal structure depends on the dislocation sign, slip plane and direction. If the same-signed 
dislocations move towards each other on the same slip plane they will repel and block each other 
(Figure 1.8, a, b). If oppositely-signed dislocations move on the same slip plane in opposite 
directions they will attract each other and annihilate, as half of the crystallographic plane of the 
first dislocation will be complemented by the other half of the second dislocation (Figure 1.8, c, 
d). However, if the different-signed dislocations move on parallel slip planes their stress fields 
dislocation s
lip
 d
ire
ct
io
n 
coherent particles 
incoherent particle 
dislocation 
loop 
sheared particles 
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will attract each other, but the annihilation will not take place (Figure 1.8, e, f). Between the 
dislocations a vacancy will appear and the two dislocations will form a sessile dislocation, which 
is strongly immobile due to the oppositely-signed stress fields. Sessile dislocations become 
strong obstacles for the mobile dislocations. Moving in the same direction on the same slip plane 
dislocations may not interact with each other if their length is also the same. For dislocations 
with different lengths, dislocation velocity in the slip direction will be different (a shorter 
dislocation has a higher speed). For example, a shorter dislocation running after a longer one 
may “catch” it up after some time, and, if they are of different signs, part of the longer 
dislocation and the shorter one will cancel each other. If the dislocations are of the same sign, 
repelling stress fields will retard their motion. Same-signed dislocations moving on the same slip 
plane may pile-up at an obstacle to glide (such as a grain boundary or a large inclusion); the 
resulting pile-up can also be a significant obstacle for further dislocation motion (Figure 1.9).  
If dislocations move in different directions on different slip planes after intersection each of 
them will develop a jog; a sudden change in dislocation axis (Figure 1.10). The jog of each 
dislocation is equal in magnitude and direction to the other dislocation’s Burgers vector. As the 
length of each dislocation increases as a result of their interaction, the total energy of the crystal 
structure also increases proportional to the number of dislocation-dislocation interaction sites. In 
addition, a jog, moving on a different slip plane to its dislocation plane, causes a drag on the 
dislocation and significantly slows down the dislocation velocity. Dislocations, moving on 
different slip planes in different directions, can also form a variety of dislocation nodes (Figure 
1.11). Such nodes become nucleation sites for dislocation tangles, which are, together with pile-
ups, potentially strong obstacles for the mobile dislocations. 
In all the cases of dislocation-obstacle interaction mentioned above, to continue 
macroscopic deformation higher external loading is needed. Thus the yield stress increases 
with an increase in number density of dislocation-obstacle interaction sites. 
 10
 
 
 
Figure 1.8 (a) Two one-signed dislocations approach each other, (b) dislocation accumulation, 
(c) two opposite-signed dislocations approach each other on the same slip plane, (d) 
dislocation annihilation, (e) two opposite-signed dislocations approach each other on parallel 
slip planes, (f) formation of a sessile dislocation 
 
 
Figure 1.9 Schematic presentation of a dislocation pile-up by the obstacle to slip 
 b1 
b2 
slip direction 
D1 
D2 
D1 
D2 
Jog 
 
Figure 1.10 Dislocation-dislocation interaction in case of different dislocation slip planes, slip 
directions and Burgers vectors 
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Figure 1.11 Dislocation-dislocation interaction in the form of a (a) three-fold node,  
(b) four-fold node, (c) four-fold node decomposed into two three-fold nodes, (d) tangle 
 
1.1.6 Dislocation structure dependence on strain 
 
Unidirectional deformation 
The average dislocation density increases with an increase in plastic strain, but the 
dislocation generation rate dependence on strain changes with lattice type (Figure 1.12).  
In bcc structures the dislocation generation rate decreases with increasing strain due to pile-
ups on favourable slip planes (Figure 1.12, a) [3]. It is higher in the dynamic strain-ageing 
temperature region 100-350 0C, where values of carbon diffusion rate and dislocation velocity 
are similar leading to immobilisation of moving dislocations and increased production of new 
ones under external loading [4]. The dislocation density has been observed to be higher in a fine 
grained material than in a coarse grained material [3]. This can be explained by shorter 
distances of free dislocation motion before immobilisation by grain boundaries, leading to an 
increased number of new dislocations generated to continue slip. In ferritic steels the dislocation 
density after the same processing schedule has been observed to increase with carbon content 
increase in steel composition, due to an increased number density of precipitates leading to an 
increase in the number of potential dislocation sources [5]. This corresponds to the dislocation 
generation mechanisms described in the literature [6-10], according to which a dislocation 
locked by precipitates from one or both ends can become a dislocation generation source 
(Frank-Read mechanism). 
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a     b  
c  
Figure 1.12 Dislocation density dependence on strain during cold deformation  
of (a) iron (bcc structure) [3], (b) Hadfield steel (fcc) [11] and (c) a martensitic steel (bct) [12] 
 
In the fcc structure absolute values of dislocation density are higher compared to those in the 
bcc structure, due to the larger number of possible easy slip systems. The dislocation generation 
rate remains almost constant with increasing strain, Figure 1.12, b, so that the dislocation density 
dependence on strain can be approximated by a straight line relationship [11]:  
ρ = k x 1015 x ε, 
where ρ is dislocation density; ε is strain; and k, the dislocation generation rate, is in the range 
k = 1.5…3.1 for aluminium and copper and k = 17 for the Hadfield steel. 
An almost 10 times increase in the dislocation generation rate from pure fcc metals to 
steel can be related to an increased number of obstacles to slip, due to solute atoms and 
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precipitates present in steel, which leads to dislocation immobilisation and intensification of 
new dislocation generation. 
The significantly larger dislocation density in martensite can be explained by the lattice 
distortion accompanying martensitic transformation (Figure 1.12, c). 
In contemporary literature it is possible to distinguish four main dislocation structure 
types (Figure 1.13). The “straight line” structure is characterised by a regularly spaced 
arrangement of straight dislocations with uniform dislocation density (Figure 1.13, a). The 
“irregular” structure is distinguished by numerous dislocations running in different directions 
without any specific spatial arrangement, but maintaining a rather uniform dislocation density 
(Figure 1.13, b). The “cluster” structure has areas of higher and lower dislocation density, 
usually dislocations are not straight with numerous curves and nodes are present in clusters 
(Figure 1.13, c). The “cell” structure is named as it is possible to differentiate between wide 
areas of low dislocation density (cell interior) and narrow lines of high dislocation density 
(walls) surrounding them (Figure 1.13, d). Differences in dislocation density between the cells 
and the walls may reach 15-20 times [13, 14]. In addition to their high number density, 
dislocations in the cell walls are numerously interconnected and tied in bunches and knots. 
Adjacent cells, even belonging to the same grain, may have a spatial misorientation, and, 
because of that, dislocations from one cell cannot cross the wall to another cell [15]. The 
“cell” structure is intermediate to a sub-grain structure formation. The dislocation structure 
type changes with strain increase from the “straight line” to the cell type. However, due to 
inhomogeneity of deformation in different parts of material, all the structure types may be 
present at the same time in different grains.  
In the bcc crystal structure, Figure 1.14, during room temperature deformation below 3-4 
% plastic strain a straight line dislocation structure develops into the irregular structure with 
uniform dislocation density. With strain increase the dislocation density inhomogeneity 
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increases, and by 4.8 % clusters were observed (Figure 1.14, c). With further strain increase 
the cell structure appears visible at above 11 % strain (Figure 1.14, d).  
 
Figure 1.13 Schematic presentations of the dislocation structure types: (a) straight lined, (b) 
irregular with uniform dislocation density, (b) cluster, (c) cell structure 
 
Figure 1.14 Dislocation structures in a ferritic steel deformed at room temperature [16]: (a) – 
0% strain, undeformed state with occasional dislocations, (b) – 2.3%, beginning of irregular 
structure formation, (c) – 4.8%, clusters, (d) – 11.2%, cell structure  
 
The dislocation structure development is not uniform through the strained volume. In 
some areas, even after 11 % deformation, the straight line structure with uniform dislocation 
 15
 
 
density may be present, due to lower than average local strain (Figure 1.15, a). Other areas 
may contain the cell structure and cell structure with rotated laths of different orientation, due 
to higher than average local strain (Figures 1.15, b and c). 
a     b   
c  
Figure 1.15 Dislocation structures of a ferritic steel tested at room temperature after 11 % 
strain [17]: (a) – straight line structure with the uniform dislocation density,  
(b) – cell structure, (c) – cell structure with rotated adjacent laths  
 
Dislocation structure development with strain also depends on temperature and the 
amount of the second phase (e.g. pearlite) present. Thus in a ferritic steel tested at -196 0C the 
straight line structure “survived” to 2.5 % strain and clusters appeared after 8 % (Figure 1.16, 
a compared with Figure 1.14, b and Figure 1.16, b compared with Figure 1.14, c). In pure iron 
deformed at -117 0C the straight line structure was present at strains up to 12 % [3]. So, a 
decrease in temperature led to the formation of the cell structure at higher strains. Presence of 
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the second phase in steel, compared to single phase pure iron, results in the formation of 
different types of dislocation structures in different areas. This can be explained by 
inhomogeneity of deformation related to the difference in phase plasticity [18].  
a  b  
Figure 1.16 Dislocation structure of a ferritic steel tested at -196 0C after (a) 2.5 % strain 
(an arrow marks dislocation straight lines) and (b) after 8 % (an arrow marks a cluster) [17] 
 
With an increase in temperature, dislocation annihilation, leading to the dislocation 
density decrease, influences the dislocation structure development. Minimum temperature for 
the thermally activated processes depends on the nature of a metal. In pure iron dislocation 
climb and grain boundary motion, resulting in the dislocation structure change, starts above 
350 0C [6]. In alloyed steels this temperature will go up due to dislocation immobilisation by 
solute atoms and microalloy precipitates. Hot deformation temperatures, above 0.5 of melting 
point or approximately 700 0C for steel, lead to significant grain recrystallisation and 
dislocation annihilation. This results in a retardation of dislocation structure development with 
strain, i.e. cluster and cell structure formation at higher temperature requires higher strains 
than for room temperature deformation. After rolling of a ferritic steel within the 1100 -900 
0C temperature range, the dislocation density has been observed to be 10 times less than after 
room temperature deformation (Figure 1.17). Irregular dislocation structure appeared after 30 % 
deformation, clusters – after 55 %, Figure 1.18, b,c, which is much higher than during room 
temperature deformation (compare to Figures 1.14 and 1.15). During hot deformation to the 
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same strain level the dislocation density decreases with deformation temperature increase, due 
to annihilation (Figure 1.19).  
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Figure 1.17 Dislocation density dependence on strain during hot deformation  
of a ferritic steel (derived from [19]); sharp dislocation density increase at 96 % strain can be 
related to the temperature decrease  
 
 
Figure 1.18 Dislocation structure development in a ferritic steel during hot deformation in the 
range 1100 0-900 0C: (a) – 10 % strain, random dislocations, (b) – 30 %, irregular structure,  
(c) – 55 %, clusters, (d) – 96 %, cell structure [19] 
 
 
Figure 1.19 Dislocation structure of the 0.11C-0.47Cr-0.47Cu-0.024Nb steel  
after 50% deformation at (a) 900 0C and (b) 800 0C [20] 
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Apart from temperature, the dislocation structure development during hot deformation is 
influenced by (micro) alloy additions. After processing with the same rolling schedule, a more 
highly alloyed steel had a larger dislocation density than a lower alloyed steel [21], which 
corresponds to the dislocation density increase with carbon content increase in steel 
composition found during room temperature deformation [5]. Irregular dislocation structure in 
the more highly alloyed steel exhibited numerous curved dislocations, although dislocations 
in the lower alloyed steel were mainly straight-line (Figure 1.20). Precipitates and solute 
atoms lock the dislocations, increasing the number of dislocation sources and stimulating new 
dislocation generation. 
 
Figure 1.20 Irregular type dislocation structures in the (a) 0.15C steel, dislocation density 
0.86x1014 m-2 , and (b) 0.15 C - 0.1 P steel, dislocation density 2.34x1014 m-2  
after rolling at 720 – 750 0C to equal strains of 85 % [21] 
 
The dislocation structures after hot deformation may be not equal in different areas. In 
high strength low alloyed steels some authors have observed grains almost without 
dislocations and grains with a dislocation density of about 1014 m-2 in the same material [22, 
23], although other authors did not mention such a great difference [24] (Figure 1.21). This 
can be explained by the unequal distribution of local strains compared to the macroscopic 
deformation of bulk material. 
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Figure 1.21 Irregular type dislocation structures in the (a), (b) 0.08 C-1.7 Mn-0.08 Nb-0.08 Ti 
- 0.08 V steel after rolling at 1200 – 900 0C and coiling at 550 0C [22]; and (c) 0.06 C-1.5 Mn-
0.07 Nb-0.02 Ti-0.1 V steel after rolling at 1325-900 0C and coiling at 650 0C [24] 
 
In fcc materials it is possible to observe the same dislocation structure types as in the bcc 
materials, Figure 1.13, but twinning significantly influences the dislocation structure 
development [25]. Resent investigations of fcc single crystals showed twinning to be the 
major deformation mechanism in < 1 11> and <001> directions and slip in < 1 23> directions 
(Figure 1.22). In polycrystalline material both mechanisms operate at the same time, as the 
grain orientation to the loading direction is more random (Figure 1.23). 
 
Reverse deformation 
During reverse deformation the dislocation density has been found to decrease compared 
to that in the initial stage of straining both in bcc [28], Figure 1.24, a, and fcc structures [29], 
Figure 1.24, c. Further increase in reverse strain results in a dislocation density increase.  
The cell structure, if formed after pre-straining, disappears during the initial stage of the 
reverse deformation both in bcc [30,31], Figure 1.25, and fcc [31], Figure 1.26, structures. 
This leads to a rather uniform dislocation density just after the onset of reverse straining. 
Further reverse strain brings back the cell structure. With an increase in forward pre-strain the 
cell structure dissolution strain during reverse deformation increases [32].  
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a   b   
c    d   
e   f   
 
Figure 1.22 TEM micrographs of a fcc single crystal deformed at room temperature in  
(a), (b) - < 1 11> direction after 3% strain (one twin system) and 35% (two twin systems);  
(c), (d) - <001> direction after 3% (one twin system) and 40% (dislocation cell structure);  
(e), (f) - < 1 23> direction after 3% (start of the irregular dislocation structure formation) and 
50% (irregular dislocation structure fully developed) [26] 
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Figure 1.23 TEM micrograph of the 316LN austenitic steel  
after 5 % deformation at room temperature [27] 
 
a  
 
Figure 1.24 (a) Dislocation density change during tension and subsequent compression of a 
ferritic steel 0.16 C-1.43 Mn-0.41 Si (bcc) [28], (b) tension-compression stress-strain curve of 
aluminium (fcc) and (c) dislocation density in aluminium during compression half circle after 
4.5 % pre-strain in tension, points A-E according to (b) [29]  
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a   b 
c  
Figure 1.25 Dislocation structures of the interstitial free steel (bcc) deformed at -1200C:  
(a) the irregular structure after ε = 0.26 shear pre-strain, (b) the cell structure after ε = 1 shear 
pre-strain and (c) the irregular structure after ε = 0.26 shear reverse strain [31] 
 
a   b  
Figure 1.26 Dislocation structures of pure aluminium (fcc) deformed at -1200C: 
(a) the cell structure after ε = 0.26 shear pre-strain and (b) dissolution of the cell walls 
after ε = 0.26 shear reverse strain [31] 
 
Investigation of the dislocation structure change during strain path change of less than 
1800 also showed dissolution of the cell walls in both bcc [33] and fcc [34], Figure 1.27, 
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materials. However, in highly alloyed materials dislocation structure change with strain path 
change has not been observed, which was related to dislocation immobilisation by precipitates 
after pre-straining [34] (Figure 1.28).  
In addition to the yield lowering effect, observed in pure Bauschinger test (strain path 
change is 1800), strain path changes of less than 1800 also leads to yield lowering (see section 
1.2). This may have a rather high industrial importance, as pure Bauschinger conditions are 
observed less frequently than strain path changes of less than 1800. The latter should be taken 
into account during mechanical property development in cold forming technologies.  
 
Figure 1.27 Dislocation structures of pure aluminium (fcc) deformed at room temperature: (a) 
the cell structure after ε = 0.14 tension pre-strain and (b) dissolution of the cell walls after  
γ = 0.3 shear strain (strain path change is 1350) [34] 
 
 
Figure 1.28 Dislocation structures of Al-Mg-Si alloy (fcc) deformed at room temperature: (a) 
the irregular dislocation structure after ε = 0.15 tension pre-strain and (b) the irregular 
dislocation structure after γ = 0.35 shear strain (strain path change is 1350) [34] 
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1.1.7 Yield strength and theory of work-hardening 
 
To start deformation by slip, either existing dislocations should be moved or new 
dislocations generated and then moved [8]. Dislocations present in the unworked material 
become anchored by obstacles (such as Cottrell atmospheres of solute atoms, precipitates and 
other dislocations). To release them from the obstacles a certain stress is required – the upper 
yield point (UYP, Figure 1.29, a). However, after dislocations start their glide, the stresses 
needed to continue free dislocation motion become lower – the lower yield point (LYP, 
Figure 1.29, a). Having started their glide, dislocations move freely without stress increase 
during some period of straining. When they meet new obstacles on their way the stress 
required for continued motion increases again. If, shortly after unloading so as not to allow 
thermal activation of solute diffusion, re-loading is continued in the same direction 
dislocations start moving from their new positions forward and the yield point is not observed 
(Figure 1.29, a). Alternatively, some authors have reported a small yield point after unloading 
and reloading in the same direction, which was not observed when loading was stopped and 
then resumed from the same position on the stress-strain curve [35]. A possible explanation 
suggested was that the dislocations, during unloading, move backwards under the action of 
the back stress from the obstacles and rearrange themselves into a lower energy state. Thus 
during next stage of forward deformation a small degree of overstressing is needed to break 
away from this locker energy state and resume the stress-strain behaviour established prior to 
unloading (Figure 1.29, b). 
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Figure 1.29 (a) Typical stress-strain curve: solid line for the unworked and  
dot-line for the strain-hardened material, (b) the yield point after unloading and further 
reloading in the same direction (after [35]) 
 
Deformation of a single crystal 
The form of the stress-strain curve depends on the crystal lattice type as dislocation 
movement is determined by the most favourable slip planes and slip directions. In the general 
case, it is possible to distinguish three main stages of work-hardening, more commonly 
observed in fcc structures but also applicable to the bcc lattice (Figure 1.30) [6]. 
According to the long range work-hardening theory, during stage I easy glide of 
dislocations occurs. Here the number of dislocation sources is considered to be constant, the 
slip planes are not piled-up with dislocations and the spacing between the moving dislocations 
is large. As the number of dislocation-dislocation interactions is small in this stage, the stress 
increases slowly. Stage II starts when the dislocation density increases more significantly. 
Under the increasing external loading new dislocation sources produce more dislocations 
which then pile-up in groups and lock each other. As the most favourable slip planes become 
occupied by pile-ups, multiple slip starts on all the possible slip planes for a given crystal type. 
Interaction of dislocations, moving on intersecting slip planes, significantly retards their 
further motion. Thus, to continue deformation, in stage II the yield stress also increases 
dramatically. Stage III starts when the stress reaches the high value needed for cross-slip, 
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when screw dislocations, instead of gliding along their slip planes, “climb” perpendicularly to 
other slip planes. This reduces the stress field of pile-ups and consequently the slope of the 
stress-strain curve. 
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Figure 1.30 Schematic stress-strain curve showing three stages of work-hardening  
 
According to the short range work-hardening theory, during stage I dislocation pile-ups 
(or irregular patterns called dislocation tangles) appear locally within a given grain and retard 
the dislocation motion in some areas of this grain. The dislocation density is inhomogeneous, 
and new dislocations are produced constantly to fill free space within that given crystal. Stage 
II starts when the dislocation density becomes uniform. During the second stage, dislocation 
density remains uniform but the spacing between the pile-ups and tangles decreases. As less 
free space remains, shorter length dislocations bow to produce new ones (Frank-Read 
mechanism [7]). To bow a short dislocation in a loop requires high stresses, therefore the 
yield stress increases. Stage III in the short range theory is also related to cross-slip. 
Stages IV and V of work-hardening were reported quite early [36] (Figure 1.31). Recent 
investigations explain them by the formation of a cell structure [37-39]. Thus the cell structure, 
with significant dislocation density in the cell walls and negligible density in the cell interior, 
appears during stage II. By the end of this stage dislocation density in the walls reaches 
significant values, up to 1016 m-2 [38]. A decrease in the work-hardening rate during stage III 
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occurs due to dislocation annihilation in the cell walls, cross-slip within the walls and 
additional slip in the cells along the secondary slip planes. With further deformation the 
crystal lattice misorientation between adjacent cells increases, which leads to formation of a 
sub-grain structure [40,41]. This prevents dislocations crossing from one cell to another and 
the work-hardening rate increases during stage IV.  
The decrease in hardening rate during stage V is related to multiple twinning instead of 
gliding [40], although some authors reported work-hardening rate increase due to twinning 
[11,26]. With increasing temperature sub-grain growth becomes the major cause of the 
hardening rate decrease. In general, quantitative parameters describing stages IV and V 
depend on temperature and strain-rate. 
σ
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Figure 1.31 Five stages of work-hardening in fcc single crystals (after [37]) 
 
Deformation of a polycrystalline material 
A bcc material, which is less plastic than an fcc material due to a smaller number of most 
favourable slip planes, does not normally show distinct differences between stages II, III and 
IV, Figure 1.32, a, and the work-hardening exponent decreases with increasing strain. The 
stress-strain curve of an fcc polycrystalline material resembles the shape for the fcc single 
crystal, but occurs at higher stresses [26] (Figure 1.32, b). Work-hardening exponents for an 
fcc material may increase or remain stable with increasing strain.  
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a b  
Figure 1.32 Typical view of the stress-strain curve of a (a) bcc material and (b) fcc 
material 
 
During deformation of polycrystals, grains become separated into domains or cell-blocks 
within which different slip systems operate [15]. The boundaries between the cell-blocks 
accommodate the lattice misorientations between blocks which result from different glide 
systems and cell-block rotation. With increasing strain these block boundaries with high 
dislocation density develop first into walls and then into sub-grain boundaries. Thus the 
original grain structure becomes divided into a sub-grain structure. The sub-grains, of much 
smaller size than the initial grains, follow the Hall-Petch relationship with respect to the yield 
stress and so the yield stress increases due to “grain refinement”. In a polycrystalline material, 
which contains a second phase or precipitated particles, slip is non-uniform through the 
volume, as different phases have different plasticity. This leads to the localisation of 
deformation in the softer matrix and the appearance of dislocation arrays, or microbands [18]. 
Localisation of deformation results in significant dislocation density growth in the 
microbands and the yield stress increases. Accumulation of dislocations after some strain 
leads to the formation of microcracks within the microbands, which then transform into 
macrocracks leading to fracture [42].  
 
The stress-strain curve depends on test temperature and strain rate (Figures 1.33 and 1.34). 
With temperature increase and strain rate decrease the yield stress and the work-hardening 
σ 
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rate decrease [27, 43-45]. This corresponds to the dislocation structure development with 
strain (see section 1.1.6) 
a  b  
Figure 1.33 Stress-strain curve dependence on test temperature in a  
(a) ferritic steel (bcc) [43], and (b) austenitic steel (fcc) [27]  
 
a b  
Figure 1.34 Stress-strain curve dependence on strain rate in  
(a) ferritic steels (bcc) [5], and (b) an austenitic steel (fcc) [44] 
 
In steels the stress-strain curve depends on chemical composition. With an increase in 
carbon content the yield stress and the work-hardening exponent increase (Figure 1.35). The 
presence of spheroidised cementite particles in medium- and high-carbon steels prolongs 
Lüders strain and leads to work-hardening rate decrease [46]. Alloying results in an upward 
shift of the stress-strain curve along the stress axis, which may happen due to phase balance 
change, grain refinement, solid solution and precipitation strengthening (see more in section 
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1.4). The work-hardening exponent in carbon steels has been observed to be in the range 0.07 - 0.30 
and decreases with an increase in strength (Figure 1.37). 
a  b  
Figure 1.35 Stress-strain curve dependence on carbon content in ferritic steels 
for (a) rod shape and (b) spheroidised shape carbide morphology [46] 
 
a  b  
c  
Figure 1.36 Influence of alloying on the stress-strain curve during cold deformation of (a) 
ferritic steels (solid line after [30], dash line after [47]) and (b) austenitic steels [48]; (c) 
during hot deformation of ferritic steels [49] 
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Figure 1.37 Work-hardening exponent dependence on steel strength [50] 
 
The increment of yield stress due to work-hardening shows a linear dependence on the 
square root of dislocation density (Figure 1.38, a). However, the absolute values of the slope 
depend on temperature, carbon content and presence of strengthening solute atoms (Figure 
1.38, b). The last can be explained by significant pinning of dislocations by solute atoms [51]. 
a  b  
Figure 1.38 Dislocation density-yield stress dependence for (a) carbon steels [5] and  
(b) phosphorus alloyed steel [21]; steel SKS93 contains 1.16% C, S50C – 0.48% C,  
S15C – 0.15% C 
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1.2 Work-softening due to the Bauschinger effect 
 
Reduction in the yield stress of polycrystalline metal specimens following pre-strain in the 
opposite direction was reported by Bauschinger in 1881 (Figure 1.39).  
 
Figure 1.39 Schematic illustration of the Bauschinger effect:  
σp – maximum pre-stress, σr – the yield stress in the reverse direction 
 
Further work revealed the effect to be more complex and several parameters were 
developed to assess this affect [52-55] (Figure 1.40). 
 
1.2.1 Evaluation of the magnitude of the Bauschinger effect parameters 
 
There are three established parameters used to assess the absolute values of the 
Bauschinger effect: the stress, strain and energy parameters (Figure 1.40). 
In the literature there are a minimum of four different mathematical expressions of the 
stress parameter. These are related to different points on the forward-reverse stress-strain 
curve (Figure 1.40, a). The stress parameter βσ1 describes the relative decrease in the yield 
stress from forward to reverse deformation: 
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p
rp
1 σ
σ−σ=βσ , 
where σp is maximum pre-stress and σr is the yield stress in the direction of reverse strain (point 
of the stress-strain curve deviation from the straight line, normally around 0.1% reverse strain). 
a  b  
Figure 1.40 Stress-strain curves for (a) the Bauschinger effect stress-parameter and  
(b) the Bauschinger effect strain and energy parameters: σr0.2 and σr0.5 – the yield stress at 
0.2% and 0.5% reverse strain, Δσs – permanent work-softening, εp – pre-strain, εr – 
“Bauschinger strain”, the strain in the reverse direction corresponding to the point of reverse 
stress equal to the maximum pre-stress σp, Ep – energy spent during pre-strain, Es –  energy 
saved during reverse straining due to the Bauschinger effect, shown by the shaded area 
 
The stress parameters βσ2, βσ3 and βσ4, calculated using stress values at 0.2 % and 0.5 % 
reverse strain, show the rate of property restoration during reverse straining after the yield 
drop: 
p
20rp
2 σ
σ−σ=βσ . , 
p
50rp
3 σ
σ−σ=βσ . , 
p
50r
4 σ
σ=βσ . , 
where σr0.2 and σr0.5 are stresses at 0.2 % and 0.5 % reverse strain. 
As the yield stress represents the start of dislocation slip (with acting back stress from the 
obstacles, in the case of reverse deformation) parameter βσ1 describes the “short range” work-
softening. As the work-hardening rate depends on material chemistry (carbon content and 
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alloying) and microstructure (phases, precipitates and dislocation density), the parameters βσ2, 
βσ3 and βσ4 represent “long range” work-softening and show how permanent the Bauschinger 
effect is when deformation increases in the reverse direction. 
The Bauschinger strain parameter describes the amount of deformation in the reverse 
direction needed to reach the pre-stress level of stress (Figure 1.40, b): 
p
r
ε
ε=βε , 
where εp is plastic pre-strain and εr is plastic strain in the reverse direction for the point of 
equal stress value to the pre-stress. 
The Bauschinger energy parameter describes the amount of energy needed during the 
reverse deformation to reach the pre-stress level of stress:  
p
s
E E
E=β  
where Ep is the energy spent during pre-strain and Es is energy saved during reverse straining 
due to the Bauschinger effect (Figure 1.40, b). 
In addition to stress parameters βσ2, βσ3 and βσ4 the Bauschinger strain and energy 
parameters assess how long lasting the Bauschinger effect is and thus also support the “long 
range” work-softening approach. 
 
1.2.2 Causes of the Bauschinger effect 
 
There are two principal Bauschinger effect theories (Figure 1.41); back stress and Orowan 
theory [52, 56]. During forward plastic deformation moving dislocations interact with 
different obstacles (other dislocations, grain boundaries and precipitates) preventing their 
further propagation. This generates a back stress around the contact point resisting further 
progress of similarly signed dislocations. During the reverse deformation this back stress 
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repels the dislocations from the obstacles in the opposite direction, namely in the direction of 
reverse strain. Thus the stress field helps to move the dislocation in the direction of reverse strain 
and the reverse yield stress drops by the level of the back stress (Figure 1.41,a). According to the 
back stress theory an increase in dislocation density increases the number density of dislocation-
dislocation interaction sites and consequently the level of back stress. Thus the Bauschinger effect 
should be larger in a material with a higher dislocation density. But with an increase in initial 
dislocation density (and/or pre-strain) the number of mobile dislocations can decrease. This 
occurs due to immobilisation of moving dislocations by pile-ups and possible formation of cell-
structures, where mobile dislocations in the cell interior are many times lower in density than the 
total number accumulated in the cell walls. Thus with an increase in dislocation density it is 
possible to expect a maximum in the Bauschinger effect and then a decrease after some level of 
pre-strain. However, this maximum has not been observed so far in the reported literature, due to 
pre-strains used being below 8 %. 
a
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Figure  1.41 Schematic diagram of the (a) dislocation-dislocation and  
(b) dislocation-particle interaction  
 
In an alloyed material, precipitated particles also act as interaction sites increasing the level 
of back stress (Figure 1.41, b). Thus, increasing the particle volume fraction and their number 
density will increase the number of interactions between dislocations and particles and hence 
the back stress. However, not all the particles equally contribute to dislocation pinning. When 
particles are coherent with the matrix the cutting mechanism operates. In this case the 
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dislocation retardation force will depend on particle chemistry, as particle composition 
influences its mechanical strength. When particles are incoherent the bowing mechanism 
operates. In this case the dislocation retardation will depend on interparticle spacing, as, with 
a decrease in interparticle spacing, the dislocation curvature energy needed for a dislocation to 
pass increases. Predominance of one or another mechanism depends on the average particle 
size, as, with an increase in particle size, the particles lose coherency with the matrix lattice. 
Thus particle number density is not enough to assess the influence of precipitates on the 
Bauschinger effect. Particle chemistry, size and distribution should also be taken into account. 
 
1.2.3 Main features of the Bauschinger effect 
 
With an increase in pre-strain the stress parameter βσ1 increases and the strain and energy 
parameters decrease (Figure 1.42). This may be related to the total dislocation density increase, 
leading to an increased yield lowering effect, but mobile dislocation density decrease, leading to 
a faster return of strength, with increase in pre-strain. Some authors reported yielding during 
unloading, and consequently the stress parameter βσ1>1 [52]. This was explained by relaxation 
of the elastic back stresses in some grains leading to plastic deformation in other grains.  
 
Figure 1.42 The Bauschinger effect parameters dependence on pre-strain for 0.17% C steel 
(derived from [52]) 
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The appearance of a plateau on the reverse stress-strain curve is related to the dislocation 
density decrease and the cell structure dissolution during the initial stage of reverse loading 
both in bcc and fcc materials (Figure 1.43). With an increase in reverse strain the dislocation 
density increases and the reverse stress-strain curve goes up. With an increase in test 
temperature the forward-reverse stress-strain curve goes down and the work-hardening rate in 
the reverse direction decreases, Figure 1.44, which corresponds to a decrease in dislocation 
density due to annihilation at higher temperatures.  
a  b   
Figure 1.43 Forward-reverse stress-strain curves of (a) IF steel (bcc) and (b) aluminium (fcc) 
[31] 
 
After reverse loading the work-hardening rate is higher than in the forward direction, but 
decreases rapidly with an increase in reverse strain both in bcc [31, 57] and fcc [32, 58] 
materials (Figure 1.45, a). The work-hardening rate does not show significant dependence on 
strain-rate at relatively low strain rates, i.e. 5x10-5 - 5x10-3 s-1 (Figure 1.45, b). 
 
Figure 1.44 Forward-reverse stress-strain curve dependence on temperature [29] 
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a   b  
Figure 1.45 (a) Work-hardening rate dependence on stress for forward (curve 1) and reverse 
deformation after pre-strains of 0.02 (2), 0.04 (3), 0.08 (4) in compression and 0.18 (5), 0.28 
(6), 0.33 (7) in tension; (b) work-hardening rate dependence on strain rate [32] 
 
With an increase in carbon content in steels the yield lowering effect and the work-
hardening rate in the reverse direction increase (Figure 1.46, a). Steels with plate-like 
cementite morphology (pearlite), compared to spheroidised shape, show a larger Bauschinger 
effect (Figure 1.46, b). Permanent softening due to the Bauschinger effect increases with an 
increase in volume fraction of spheroidised cementite, due to an increase in number density of 
dislocation-particle interaction sites (Figure 1.46,c). 
With an increase in alloying by solute strengthening and precipitation strengthening 
elements the plateau on the reverse stress-strain curve disappears, Figure 1.47, a, due to 
retardation of dislocation structure dissolution, and the Bauschinger effect increases, due to an 
increase in the number of interactions between dislocations and obstacles, namely solute 
atoms and precipitates (Figure 1.47, b, c).  
Ageing after pre-straining decreases the Bauschinger effect due to immobilisation of 
dislocations by Cottrell atmospheres of interstitial solutes (Figure 1.48). 
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a   b   
c  
Figure 1.46 (a) Typical forward-reverse deformation stress-strain curves of ferritic steels (bcc), 
containing LC – 0.043% C and HC – 1.08% C [59]; (b) stress-strain curves of steel 1080 with 
plate-shape, SEM-P80, and spheroidised, SEM-S80, cementite morphology [60], and (c) 
permanent softening dependence on spheroidised Fe3C particle volume fraction  
(derived form [61]) 
 
The forward-reverse stress-strain curves observed for rolled plate material depended on 
test direction, which has been related to the planar anisotropy of mechanical properties [63] 
(Figure 1.49, a). In rolled plate the dislocation structure can have a preferable orientation in 
the rolling direction and a number of dislocation-obstacle interaction sites can form prior to 
testing. With the loading angle change during testing, the back stress projection on the 
direction of reverse strain also changes its magnitude (Figure 1.49, b). Thus the yield stress 
drop during testing due to action of the back stress, increases with an increase in angle 
between rolling direction and test direction (decrease in angle between the back stress and 
strain direction during testing). 
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a  b    
c  
Figure 1.47 (a) Stress-strain curves of aluminium (fcc) and an Al-Mg-Si alloy [34],  
(b) stress-strain curves of a Cu-Al alloy containing hard particles, “aged to θ”, and without 
particles, “solid solution” [62]; (c) The Bauschinger parameters dependence on Cu-Al alloy 
composition (derived from [54]) 
a  b  
Figure 1.48 Influence of ageing on difference between forward strain and forward pre-strain 
yield stress Δσyf , and reverse strain and forward pre-strain yield stress Δσyr for  
(a) low carbon and (b) high carbon steels [59] 
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a  b  
Figure 1.49 (a) Reverse stress-strain curves of rolled aluminium plate tested in different 
directions [63] and (b) schematic presentation of the back stress projection during testing 
 
1.2.4 The Bauschinger effect in HSLA steels 
 
The Bauschinger effect in HSLA steels has been previously studied with respect to line-
pipe production by the UOE forming. The Bauschinger effect influences pipe properties in 
two ways: during pipe testing where tensile coupons need to be flattened prior to testing, and 
when comparing the pipe and plate tensile properties. According to the API 5L standard, pipe 
testing can be carried out by flattening of a pipe wall-piece and tensile testing of the flattened 
part or by hydraulic expansion of a pipe ring. During flattening the inner side of the pipe wall 
is subjected to tension and outer side to compression, hence flattening adds a half cycle to the 
reverse deformation sequence already experienced by the pipe material. Consequently a large 
difference in pipe mechanical properties can be observed due to the method of testing (20% 
difference in the yield stress between flattened specimens and ring expansion [64]). The 
difference in the test data also depends on steel chemistry [65]. Recent investigations of 
HSLA steels have found that the Bauschinger effect depends on chemistry even for the same 
method of testing [66, 67]. At the moment, the Bauschinger effect dependence on the 
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dislocation structure and microalloy particle distributions (related to a steel chemistry and 
processing parameters) is only known qualitatively and only a limited amount of data are 
available. 
 
With an increase in pre-strain the drop in yield strength of HSLA steels on reverse loading 
increases, due to an increase in dislocation density and consequent increase in number density 
of dislocation-particle interaction sites (Figure 1.50). More highly alloyed steels show a larger 
yield drop at the beginning of reverse deformation, due to a larger particle number density 
(parameter βσ1 is higher for the higher alloyed steel on Figure 1.50, a). With an increase in 
reverse strain the more highly alloyed steels quickly return their properties (parameters βσ2 
and βσ3 for the more highly alloyed steels may be lower than for the lower alloyed steels on 
Figure 1.50,b,c). Permanent softening, Figure 1.50, d, does not show a simple relationship 
with either strength level or steel composition, which indicates the need for more detailed 
microstructural characterisation (dislocation-particle interaction parameters). The increase in 
permanent softening with a particle volume fraction increase, Figure 1.51, can be related to an 
increase in particle number density and number density of dislocation-particle interaction sites. 
However, a difference in slope between the carbon steel and the HSLA steel indicates the 
influence of particle size and particle chemistry on dislocation-particle interaction.  Hence, 
during the initial stage of reverse loading the Bauschinger effect is higher in the more highly 
alloyed steels, although the permanent softening, due to the Bauschinger effect, does not show 
a definite dependence on the amount of alloying. Similar values of softening for different 
steels (in terms of chemistry) can be explained if there are similar particle-dislocation 
interactions. 
For the same chemistry steels the Bauschinger effect has been observed to be independent 
of ferrite grain size [65], Figure 1.52, although differences may exist in slope – this cannot be 
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confirmed without more details of grain structure. Recent investigation of the Bauschinger 
effect dependence on steel microstructure has shown that, for steels of the same chemistry but 
differently heat-treated to change the microstructure and phase distribution, the Bauschinger 
stress parameter is different (see dual phase, DP, and HSLA in Figure 1.53). The authors of 
that paper [67] reported that this difference is related to the relaxation of residual stresses, 
which are higher in a material with a greater difference in phase plasticity (such as ferrite and 
martensite in the DP steel). However it is obvious, that formation of approximately 20 % 
martensite in the DP steel leads to the generation of a dislocation structure in the surrounding 
ferrite (to accommodate the transformation strain) with a higher dislocation density compared 
to that in the HSLA steel. The higher cooling rate used to produce the DP steel may also have 
resulted in a greater number of finer particles, compared to the HSLA steel, leading to an 
increased number density of dislocation-particle interaction sites. Thus the DP steel would be 
expected to show a higher Bauschinger effect than the HSLA steel. The low carbon steel, LC 
in Figure 1.53, exhibited a lower Bauschinger effect than the DP and HSLA steels, which can 
be explained if the LC steel had a lower particle number density due to a lower alloying 
element content. However, in the paper [67] these data are not presented. 
The difference in steel behaviour during reverse deformation due to chemistry differences 
can be approximately summarised in Figure 1.54. Here, a more highly alloyed steel starts 
yielding at a lower strain on reverse deformation, but, having a larger work-hardening rate in 
the reverse direction, more quickly returns to its previous property value. On the basis of the 
literature data it can been seen, that if a plain carbon steel and a HSLA steel were pre-stressed 
to the same stress value the Bauschinger response would be equal at a certain strain 
(approximately 0.02 - 0.05 reverse strain in Figure 1.54).  
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Figure 1.50 The Bauschinger stress parameter (a) βσ1, (b) βσ2, (c) βσ3 (derived from  
[64, 65, 68-70]) and (d) permanent softening dependences on pre-strain [61]; 
the shown parameters are defined in section 1.2.1 
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Figure 1.51 Permanent softening dependence on particle volume fraction in carbon and 
HSLA steels (derived from [61])  
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Figure 1.52 The Bauschinger stress parameter dependence on grain size  
(derived from [65]) 
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Figure 1.53 The Bauschinger stress parameter dependence on pre-strain for steels with 
different  microstructure: LC, a low carbon steel with a ferrite-pearlite microstructure, 
contains 0.062 C-0.094 Cu-0.014 Mo; DP, a dual phase steel with a ferrite-martensite 
microstructure, and HSLA steel, with a ferrite-pearlite microstructure, both contain 0.1 C-0.39 
Cu-0.047 Mo-0.021 Nb [67]   
 
 
Figure 1.54 Schematic presentation of the Bauschinger effect  
in a plain C-steel (black line) and a HSLA steel (red line) 
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1.3 Precipitation of alloying elements in HSLA steels 
 
High strength low alloy (HSLA) steels achieve high combined strength and toughness 
through small additions of Ti, Nb and/or V at low carbon levels to give fine grain size and 
precipitate strengthening.  
The precipitation strengthening effect depends on the amount of precipitates formed, their 
size, their location and when they form during processing. The tendency for precipitation is 
often represented by the solubility product [71]: 
ks = [M][X], 
where [M] and [X] are weight percentages of the alloying metal and interstitial solute element 
respectively, and its temperature dependence (Figure 1.55): 
log ks = A – B/T, 
where A and B are constants for a given system. Solubility products are a guide as they do not 
take into account the effects of other alloying elements in solution or of kinetic effects. 
 
Figure 1.55 Dependence of selected alloying element compound precipitation  
on temperature [71] 
 
In terms of precipitate strengthening then higher solubility systems, e.g. VC, are favoured 
as these precipitate at lower temperatures tend to be finer, whereas precipitates with lower 
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solubility products at higher temperatures, e.g. TiN, can precipitate to pin grain boundaries 
and restrict recrystallisation. The characteristics and effects of the various microalloying 
element carbo-nitides are summarised below. 
 
Precipitation of titanium-rich phases 
In titanium-alloyed steels there may exist several compounds of Ti, TiN, TiC, Ti(C,N) and 
TiV(C,N). 
TiN 
TiN can form in the liquid – giving coarse particles (0.5 – 8 μm [72-75]) or in austenite, 
when the size range is below 500 nm (Table 1.1).  
Usually TiN and Ti(C,N) particles have a cubic shape and thus may appear in the plane of 
micrograph in the form of squares, trapezoids and triangles (Figure 1.56).  Coarse TiN has 
been shown to reduce fracture toughness [74], which places an upper limit on the Ti and N 
levels, but finer TiN can be effective as a grain refiner at temperatures up to 1350 °C [76,77]. 
TiC  
TiC precipitates with a plate-like or spherical shape precipitate at the austenite-ferrite 
interface [78] to form fine particles (2 – 200 nm) in sheets separated by 10-60 nm (Table 1.1). 
Decreasing γ→α transformation temperatures lead to a decrease in size and spacing [78]. TiC 
precipitation temperature increases with an increase in titanium content [77]. If formed above 
the recrystallisation stop temperature, TiC affects prior austenite grain size via grain boundary 
pinning. TiC can form on pre-existing TiN [75] and can give strain-induced precipitation on 
dislocations [80]. Hence, TiC can provide grain refinement, if formed at temperatures in the     
γ-phase field, and precipitation strengthening, if formed in the α-phase.  
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Figure 1.56 Typical morphologies of alloying element carbonitrides 
 
 Table 1.1 Summary of reported Ti-rich particle sizes  
particle 
type steel composition, wt% diameter, μm 
0.125C-0.021Cr-0.0265Ni-0.016Ti-0.006N [72] 0.017-0.025 
0.37C-1.45Mn-0.56Si-0.015Ti-0.0162N [74] 2 - 5 
0.35C-1.56Mn-0.33Si-0.028Ti-0.0089N [74] 1 - 3 
0.23C-1.72Mn-0.23Si-0.044Ti-0.0075N [74] 2 – 8 
TiN 
0.077C-0.005N and Ti in the range 0.044-0.132 [75] 0.1 – 0.7 
0.004C-0.17Ti [79] 0.010 
 TiC 
0.077C-0.005N and Ti in the range 0.044-0.132 [75] 0.002 – 0.030 
Ti(C,N) 0.077C-0.005N and Ti in the range 0.044-0.132 [75] > 0.050 
 
Precipitation of niobium-rich phases 
In niobium-alloyed steels Nb precipitates mostly in the form of NbC, Nb (C,N), (Nb,Ti)C, 
(Ti, Nb)(C,N), (Nb,V)(C,N) and NbN; these form over a range of temperatures with those 
forming at higher temperatures controlling prior austenite grain size and those at lower 
temperatures (which may be strain-induced on dislocations [81]) contributing to precipitate 
strengthening. The overall observed characteristics of Nb-rich particles are given in Table 1.2 
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[81-97]. Nb-rich particles form under diffusion-controlled growth so that higher finish rolling 
temperatures and faster post-rolling cooling result in finer particles (3 – 15 nm) and so higher 
strength values. 
 
Table 1.2 Summary of reported characteristics of Nb-rich particles formed in HSLA steels 
particle type steel composition, wt% diameter, nm shape 
place of 
precipitation 
0.041C-0.025Si-1.61Mn-0.063Nb 
[82] 
2-20  
30Ni – 0.1C – 1.61Mn – 0.1Nb [83] 2.5-15 dislocations 
0.04C-0.82Mn-1.59Cu-3.45Ni-
0.58Cr-0.51Mo- <0.05Nb [84] 
10 - 25 
boundary, 
ferrite matrix 
0.10 C-0.50Mn-0.28Si and Nb in 
the range 0.012-0.043  [85] 
3  
NbC 
0.03…0.10C-0.15…0.25Si-
0.50…1.50Mn-0.020…0.050Nb-
0.009N [86] 
2-12 
R
ou
nd
 
dislocations, 
boundary 
40-50 boundary 
NbN 
0.0790 Nb - 0.0120 C - 0.0010 N – 
0.0010 S – 0.0020 Mn – 0.0060 Al 
[87] 
14-30 
El
lip
so
id
 
dislocations 
0.0790 Nb - 0.0120 C - 0.0010 N 
[87] 
3-200  
0.08C-1.43 Mn-0.290Si-0.090Nb-
0.008N [88] 
10-30  
0.060-0.097 C, 0.0049-0.0082 N, 
0.016-0.025 Nb, 0.008-0.022 Ti [89]
< 10 
grain 
boundary, 
ferrite grain 
0.19C-1.5 Mn-0.45Si-0.1Cr-
0.035Nb-0.125V-0.0088N [90] 
< 100 dislocations 
Nb(C,N) 
0.042-0.097 C, 0.31-0.39Si, 1.21-
1.72 Mn, 0.0078-0.0120 N, 0.027-
0.052 Nb, 0.002-0.052 V [91,81] 
2-15 
le
ns
 [8
7]
, r
ou
nd
, p
ol
yh
ed
ra
l [
88
] 
dislocations 
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0.11C-1.3Mn-0.25Si-0.010N and 
Nb in the range 0.005 - 0.21 [92] 
40-400 Cubic  
0.038C-1.84Mn-0.28Si-0.42Cu-
0.09Nb-0.017Ti-0.0092N [93] 
5-20 round 
ferrite-ferrite 
boundary, grain 
0.038C-1.84Mn-0.28Si-0.42Cu-
0.09Nb-0.017Ti-0.0092N [93] 
60-100 cube 
ferrite-ferrite 
boundary, grain 
0.060-0.097 C, 0.0049-0.0082 N, 
0.016-0.025 Nb, 0.008-0.022 Ti [94]
15-50, 
50-1000 
core and 
40-70 cap cu
be
 T
iN
 
co
re
 a
nd
 
N
bC
 c
ap
 
 (NbTi)(C,N) 
0.09-0.11 C, 1.39-0.53 Mn, 0.023-
0.057 Nb [95] 
15-150 round grain 
7-12 round 
grain/subgrain 
boundary 
3-6 length 
and 0.7-
0.9 diam. 
needle dislocations 
0.07 C-1.35Mn-0.14Si-0.047Ti-
0.086Nb-0.007N [96] 
3-5 sphere dislocations 
0.05C-1.5Mn HSLA steel [97] 4-20 sphere grain 
20-120 
sphere, 
plate 
grain 
(NbTi)C 
0.06C-1.5Mn-0.08Nb-0.07Ti [98] 
3-5 length needle dislocations 
(NbTi)N 0.05C-1.5Mn HSLA steel [97] 300-3000 cube grain 
 
Precipitation of vanadium-rich phases 
V-rich precipitates, such as VC, V(CN) and (Ti,V)(C,N), are usually the last of the 
microalloying carbo-nitrides to form, either at the γ/α interface or in ferrite. As for TiC this can 
give sheets of precipitates (diameter up to 10 nm and spacing ≈35 nm) or complex shapes 
formed on pre-existing particles (Figure 1.56). This can result in a wide range of particle sizes, 
Table 1.3, although single VC particles tend to be fine (<10 nm) and provide strengthening of 
ferrite. 
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Table 1.3 Summary of reported characteristics of the V-rich particles 
particle type steel composition, wt% diameter, nm shape 
place of 
precipitation 
1.5-3.5 grain 0.12C-0.30Si-1.5Mn-0.45V 
[99] 1.5-10 
 
baundary 
10-30 grain 
0.4C-0.15V [100] 
5-10 
sphere ferrite 
lamella of 
pearlite 
0.4C-2V [100] 500   
0.7C-1V [100] 6 - 8  baundary 
0.8C-12Mn-0.3V [101] 10-50 octahedron  
V in the range 5-6, C in the 
range 1.7-2.1 [102] 
 strip, rod  
V in the range 7-10, C in 
the range 2.4-3.2 [102] 
 
lumpy, 
chrysanthemum 
uniform 
distribution 
0.79C-11.81Mn-0.30V-
0.0011N [103] 
50-150 
(up to 440 
after 
aging) 
(square, 
polyhedral ) 
 
VC 
0.03…0.10C-0.15…0.25Si-
0.50…1.50Mn-
0.020…0.050V-0.009N 
[86] 
5-15 sphere 
dislocations, 
boundary 
HSLA steels [104] 5-10 lens  
HSLA steels [105] < 30   
V(C,N) 0.10C-0.50Mn-0.28Si and 
V in the range 0.10-
0.15[85] 
5-100   
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(V,Ti)(C,N) 
0.38C-0.107V-0.010Ti-
0.026Al-0.015N [106] 
10-50 square  
(TiNbV)(CN) 
0.15C-0.03Si-0.56Mn-
2.44Cr-1.03Mo-0.28V-
0.015Ti-0.05Nb [107] 
50-300 
irregular sphere, 
rounded cube, 
flat-faced cube 
boundary, 
grain 
10-200 sphere, plate grain 
(TiNbV)C 
0.06C-1.5Mn-0.1V-0.02Ti-
0.07Nb [98] 3-5 length needle dislocations 
 
Precipitation of Cu-rich phases 
Copper can precipitate in the form of separate CuS or Cu2S particles [108] or as an outer 
layer on top of already existing particles, for example MnS [109]. Particle size has been 
observed to be in a broad range of diameters, increasing with a Cu content increase in the 
steel composition (Table 1.4). As Cu precipitation occurs completely at temperatures in the 
ferrite phase region, Figure 1.57, Cu-rich particles are observed within the ferrite grains, at the 
ferrite/ferrite boundaries or on dislocations [111,112]. Prior-deformation enhances the 
nucleation of Cu-rich particle on dislocations, which can lead to significant strengthening. 
Annealing of Cu-containing steels results in additional strengthening [113], obviously due to 
existing particle growth and precipitation of new particles, leading to an increase in 
precipitate number density 
 
Table 1.4 Summary of reported characteristics of the Cu-rich particles 
Particle 
type 
steel composition, wt% 
diameter, 
nm 
shape 
place of 
precipitation 
CuS 
Cu2S 
0.11…0.14C-0.6Mn-0.25Si-0.22Cu-
0.025…0.037S [108] 
10-80 grain 
0.01C-1.21Mn-0.21Si-0.55Mo-1.6Cu-
0.05Nb-0.105Ti-0.008S [110] 
5-55 
dislocations, 
grain Cu-rich 
Fe - 1.5Cu [111] 20 - 800 
sphere 
dislocations 
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Figure 1.57 (a) Calculated time-temperature-transformation (solid line) and continuously 
cooled transformation (dashed line) diagrams of a 1.5 % Cu-containing alloy [111]; and (b) 
experimental TTT diagram of a 0.22 % Cu-containing alloy [108] 
 
1.4 Strengthening mechanisms in carbon steels 
 
Contemporary steels exhibit a wide range of mechanical properties, the yield stress is 
observed to vary from 200 to 5500 MPa [114,115]. Strengthening can be achieved by one or 
more of the following mechanisms: grain refinement, solid solution strengthening, phase 
balance strengthening, precipitation strengthening and work hardening. Of these only grain 
refinement results in higher toughness; the others reduce it. The precise mix of mechanisms 
used will depend on the specific application of the steel along with other properties such as 
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weldability for construction steels, formability for further metal forming and machinability for 
engineering steels.  
 
1.4.1 Grain refinement 
 
The main relationship between average ferrite grain size, d, and the yield stress in steels, 
σy, is described by the Hall – Petch equation [71]: 
21
y0y dk
/−+σ=σ      
where σ0 and ky are constants. 
The constant σ0, friction stress, represents the stress required to move free dislocations 
along the slip planes in the iron bcc crystal, and can be regarded as the yield stress of a single 
crystal. This stress is very sensitive to temperature and the chemical composition of the steel 
as seen by the different intercepts in Figure 1.58. 
ky is determined from the slope of the line plot between σy and d-1/2 (Figure 1.58). It is 
found to be independent of temperature, Figure 1.58, a; chemical composition of the steel 
grade, Figure 1.58, b; and strain rate. 
Different authors have reported variable values for σ0 and ky due to the different steel 
grades examined (Table 1.5). Reported ky values vary by 9%, which is within experimental 
scatter, but σ0 varies by up to 4.5 times, which indicates a strong dependence of σ0 on steel 
composition. The effects of elements in solution on the yield stress σ0 can be represented as: 
σ0 = σI + ∑
=
⋅
n
1i
ii ck ,    
where σI is the friction stress of iron, ci is a concentration of ith solute and ki is the 
strengthening coefficient of ith solute. 
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σI, determined from σy - d-1/2 plots for pure iron (with 0.001 – 0.004 at. % of C and N and 
other impurities between 0.03 and 0.1 at. %), has been quoted between 14 and 35 MPa [3, 117, 
118]. 
a b  
Figure 1.58 Dependence of yield stress on grain size: a – for mild steel at different 
temperatures [115], b – for different solute contents of C+N obtained via different quenching 
procedures [116] 
 
Table 1.5 Experimental values for stress σ0 and ky terms in Hall-Petch equation 
composition, wt% σ0, MPa ky, MPa⋅mm1/2 
<0.001C-0.001Mn-0.006Si-0.006S-0.002P-0.0003N [117] 14 - 
0.0008C-0.00075N [3] 15 21.4 
0.0012C-0.0002N-0.0029O-0.014(mainly Ni and Cu) [118] 21 - 35 - 
0.115C-0.51Mn-0.02Si-0.05S-0.029P-0.08Ni-0.05Cr-0.0085N [116] 47 23.5 
0.12C-0.5Mn-0.02Si-0.05S-0.03P-0.0085N  [119] 71 22.4 
0.1C-1.4Mn-0.2Si-0.04Nb-0.07V-0.008N [71] 54 21.4 
0.0017C-0.00005Mn-0.0010Si-0.0006S-0.0009P-0.0004N [120] 24.5 23.5 
0.014C-0.002Mn-0.06Si-0.011S-0.003P-0.003N [121] 62.7 21.6 
0.12C-0.51Mn-0.02Si-0.05S-0.03P-0.008N  [122] 70 23.4 
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1.4.2 Solid solution strengthening 
 
The main interstitial elements in steel are carbon and nitrogen. Free carbon and nitrogen 
form interstitial atmospheres around the dislocations, which lead to dislocation 
immobilisation and yield strength increase. However, the solubility of C and N in α-iron is 
limited to 0.02 wt% for C at 723 0C and to 0.1 wt% for N at 590 0C decreasing to < 0.00005 
wt% (C) and <0.0001 wt% (N) at 20 0C. Formation of cementite Fe3C and other alloy 
carbides and nitrides takes free carbon and nitrogen from the solution. Hence, the interstitial 
solute strengthening effect is limited. 
Many metallic elements form substitutional solutions with iron. This also leads to an 
increase in strength through elastic straining of the iron matrix, which arises from the size 
mismatch between the alloying element and iron atom (Hume-Rothery effect). With an 
increase in solute element content strength usually increases (Figure 1.59). In addition to 
elastic strain, substitutional solute elements also influence the grain size, amount and 
interlamellar spacing of pearlite, and the free content of carbon and nitrogen. Thus the 
negative influence of Cr on strength (Figure 1.59) can be explained by its removal of free N 
from solution as chromium nitride [71]. 
carbon and nitrogen x Cu• P
Δ Cr
♦ Ni
O Mo
solute 
content, wt %
Mo
Si
Mn
Cu
Ni
Cr
P
Δσy, MPa
 
Figure 1.59 Strengthening effects of substitutional solute atoms in iron [71] 
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Strengthening coefficients for various alloying elements can be found in the literature, 
Table 1.6, and incorporated into the Hall-Petch equation as: 
21
y
n
1i
iiIy dkck
/−
=
+⋅+σ=σ ∑  
Table 1.6 Strengthening coefficients for a number of solutes [71] 
Solute C and N P Si Cu Mn Mn Mo Ni Cr 
Δσy,MPa 5544  678 83 39 32 31 11 0 - 31 
 
Generally, solid solution strengthening is used with other mechanisms as it is limited by 
solubility limits and other property requirements, such as toughness and formability. 
 
1.4.3 Phase balance strengthening 
 
The microstructure of steels often consists of several phases. In plain carbon steels the 
predominant phase is ferrite with pearlite being the commonest second phase. Apart from 
these phases in alloyed carbon steels carbides, nitrides, carbo-nitrides and intermetallic 
compounds of alloying elements may be present. These phases also influence strength. 
Increased hardenability and / or cooling may replace pearlite by bainite or martensite, which 
provide increased strength. 
For C-Mn steels, increase in carbon content leads to an increase in pearlite content, and, at 
constant Mn content, an increase in tensile strength (Figure 1.60), which is due to a faster 
work hardening rate (Figure 1.61). The influence of carbon on the yield stress is not so high 
(Figure 1.62). At constant carbon content, an increase in Mn (γ-stabiliser) content lowers the 
eutectoid composition of carbon increasing the pearlite proportion, whilst Mn itself 
contributes to strength via solid solution strengthening and grain refinement.  
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Figure 1.60 Factors contributing to the strength content of C-Mn steel [123] 
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Figure 1.61 Effect of pearlite on work hardening rate [124] 
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Figure 1.62 Influence of carbon content on strength of plain carbon steel [124] 
 
In the literature there are several empirical equations derived for various mechanical 
properties to extend the Hall-Petch and solid solution equation. An example for ferrite-pearlite 
steels containing up to 0.2 wt% C (pearlite content of about 25-30%) is as follows [125]: 
σy, MPa = 53.9 + 32.3⋅cMn + 83.2⋅cSi + 354⋅cN + 17.4⋅d-1/2, 
σt , MPa = 294 + 27.7⋅cMn + 83.2⋅cSi + 3.85⋅cpearlite + 7.7⋅d-1/2, 
ITT, °C = 19 + 44⋅cSi + 700⋅ Nc  + 2.2⋅cpearlite - 11.5⋅d-1/2,  
where σt  - ultimate tensile strength, ITT –  impact transition temperature and cMn , cSi , cN , 
cpearlite – weight percent of Mn , Si , free soluble N and pearlite percentage respectively. 
The strength of pearlite is influenced by its interlamellar spacing in a similar way to the 
Hall-Petch equation for ferrite structures [71]: 
21
pp0p sk
/−+σ=σ , 
here σp is the yield stress of pearlite and s is the ferrite path in the pearlite structure. 
For the two-phase steels with more than 25 % pearlite the Rule of Mixtures can be used to 
give mechanical properties as [126]: 
 61
 
 
σy, MPa = f1/3(35+58.5⋅cMn+17.4⋅d-1/2)+(1-f1/3)(178+3.85⋅s-1/2)+63.1⋅cSi+425⋅ Nc , 
σt , MPa = f1/3(246 + 1142⋅ Nc +18.2⋅d-1/2 )+(1-f1/3)(719+3.56⋅s-1/2)+ 97⋅cSi, 
ITT, °C = f(-46 -11.5⋅d-1/2) + (1-f ) (-335 +5.6⋅s-1/2 -13.3⋅p-1/2 +3.48⋅106t)+49⋅cSi+762⋅ Nc , 
where f is the volume fraction of ferrite, p is the pearlite colony size and t is the carbide 
lamella thickness. 
Fast cooling from the austenite field restricts carbon diffusion, which results in bainite 
and/or martensite formation instead of pearlite (Figure 1.63). Strength increase due to phase 
balance change depends on carbon content, and the tensile strength may reach 1600 MPa in 
bainite and to 2000 MPa in martensite [115]. At the same time increase in carbon content 
reduces weldability and formability due to reduced toughness. 
 
 
Figure 1.63 Influence of 50% transformation temperature on tensile strength  
via formation of different steel structures [125] 
 
1.4.4 Precipitation strengthening 
 
Addition of strong carbo-nitride formers, e.g. Ti, Nb and V, leads to an increase in 
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strength (Figure 1.64). Precipitation strengthening, which arises from the dislocation-particle 
interactions during slip, can be described by the Orowan equation [71]: 
Δτy = 
L
Gb ,      
where G is shear modulus, b is Burgers vector and L is the spacing between the particle 
centres. L is related to the particle volume fraction (f) and particle diameter (X) by: 
2
X
f3
2L
2
1
⋅⎟⎠
⎞⎜⎝
⎛
⋅
π⋅= ,    
which gives: 
Δτy = X
2
f3
Gb2
2
1
⎟⎠
⎞⎜⎝
⎛
π . 
 
Figure 1.64 Strengthening contributions of different parameters on yield strength of hot-rolled 
0.1% C-0.2% Si-1.4% Mn steel containing either 0.04% Nb or 0.04% Nb-0.07% V [71]: Δσ - is 
precipitate strengthening 
 
Assuming a random distribution of particles the addition to the yield stress from 
precipitation can be calculated using the Ashby-Orowan equation: 
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Δσy = ⎟⎟⎠
⎞⎜⎜⎝
⎛
⋅ −4101256
X
X
f810
.
ln. ,    
where X is in μm. 
The comparison between the last equation and experimental data for Nb- and V-alloyed 
steels showed that, for the particles larger than 5 nm and with 0.003 – 0.0015 volume fraction, 
the Ashby-Orowan equation gives a better prediction than the Orowan equation (Figure 1.65), 
due to the use of an effective spacing in the Ashby-Orowan equation not the minimum 
spacing, as in the Orowan model. 
 
Figure 1.65 Addition to strength predicted by Orowan and Ashby-Orowan equations 
compared with the observed increments of yield strength in microalloyed steels (vertical lines 
are experimental data) [71] 
 
More complex modifications of the Orawan equation have been developed by Melander 
for a random distribution of hard, spherical particles [16].  
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where ν = Poisson’s ratio, 
2
1
f6
D2g
⎟⎟⎠
⎞
⎜⎜⎝
⎛ π=rl is average distance between obstacle centres in the 
glide plane, Dg is geometrical mean particle diameter. 
This equation has been found to give values within 2 – 11 % of experimental data for 
small (3-5 nm diameter) VC particles with volume fractions from 0.0033 – 0.0316, but, as the 
particle size increases, the Ashby-Orowan equation again becomes more suitable. 
In general, all the shown equations indicate, that greater strengthening results from greater 
volume fractions of finer particles, which depend on composition and processing. The 
strength increase for various microalloyed steels have been reported between 40 and 150 MPa 
[128-130] (Table 1.7).  
 
Table 1.7 Increment to the yield stress from the microalloying elements precipitation 
Author Steel composition Precipitates Processing 
Yield 
increment, 
MPa 
Irvine and 
Baker [128] 
0.04 wt%C-1.6%Mn-
0.064%Nb 
4-16 nm NbC rolling 40 – 85 
normalising  70 A.M. Sage, 
D.M. Hayes, 
C.C. Early, 
E.A. Almond 
[129] 
0.12 wt%C-
1.45%Mn-0.025Nb 
VC controlled 
rolling 
120 
0.10 wt%C-
0.50%Mn-0.28%Si 
Nb range 0.012-0.043 
% 
3-5 nm, 
f=0.0003-0.0004 
NbC 
100 
Gladman, 
Holmes and 
McIvor [130] 
V range  
0.10-0.15 wt% 
5-100 nm, 
f=0.0010-0.0015 
V(C,N) 
fast cooling after 
rolling 
150 
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Depending on the precipitate type and processing route some strengthening may come 
from ferrite grain refinement and the retention of work hardening.  
 
1.4.5 Work hardening 
 
In the absence of recrystallisation, an increase in dislocation density results in an increase 
in yield stress, however toughness and ductility may decrease. An increase in the shear stress 
can be represented by [115]: 
τ = τ* + τi, 
where τ* describes the dislocation interactions with the short range obstacles [131] and τi  - 
with the long range obstacles [132]: 
⎥⎦
⎤⎢⎣
⎡
γρ
ε+Δ=τ
mAb
kTH
V
1
0
&lln* ,              τi = αμbρ2, 
where V – activation volume, ΔH0 – activation enthalpy at τ = 0, k – Boltzmann’s constant, 
T – temperature, l – length of dislocation line activated, ε&  - strain rate, m – mobile 
dislocation density, A – area of glide plane covered by dislocation, γ - frequency of vibration 
of dislocation line length, α - constant, μ - shear modulus, ρ - dislocation density. 
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1.5 Thermo-mechanical controlled processing (TMCP) of HSLA steel plate 
 
Severe application conditions (e.g. low temperature, high internal pressure, corrosive 
environment) require high strength with simultaneously high toughness for the line-pipe 
material. Together with the need for good weldability, this has led to decreasing carbon 
content and increasing microalloying element level in the steel chemistry (Table 1.8). The 
combined action of microalloying element additions and TMCR processing results in 
significant grain refinement and precipitation strengthening. Introduction of accelerated 
cooling and decreasing finish rolling temperatures gives further plate strength increase. 
General aspects of steel making and plate rolling parameters that influence mechanical 
properties are presented below.  
 
Table 1.8 Typical compositions and mechanical properties of different grades of line-pipe 
steel plates 
Mechanical properties Steel 
grade Typical composition, wt% Process Yield,MPa UTS,MPa CVN*, J Ref 
X60 
0.12C-0.33Si-1.35Mn-0.04Nb-
0.06V 
TMCR 485 565  [64] 
X65 
0.08C-0.3Si-1.6Mn-0.08Nb-
0.08V-0.017Ti-0.27Ni 
TMCR 485-500 570-600 
260  
(-300C) 
[133,
134] 
X70 
0.09C-0.25Si-1.69Mn-0.05Nb-
0.08V-0.003Ti-0.22Ni-0.01Mo
TMCR 500-580 600-790 
200 
(-100C) 
[134]
X80 
0.08C-0.4Si-1.9Mn-0.044Nb-
0.019Ti-0.2Ni-0.01Mo-0.03Cr
TMCR + 
acc.cooling
600 730 
180 
(-200C) 
[134]
X100 
0.06C-0.33Si-1.95Mn-
0.048Nb-0.019Ti-0.24Ni-
0.3Mo 
TMCR + 
acc.cooling
740-760 780-820 
270 
(-100C) 
[135]
X120 
0.05C-0.30Si-1.80Mn-0.80Cr-
0.042Nb-0.017Ti-2.1Ni-
0.70Mo 
TMCR + 
acc.cooling
840-860 940-1130 
260 
(-300C) 
[135,
136] 
* CVN - Charpy V-notch energy 
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1.5.1 Plate rolling technology 
 
High quality standards on the final rolled product induce the same requirements to the 
steel making technology. First steelmaking is carried out in modern blast furnaces (from raw 
material) or in electric arc furnaces (from scrap). Secondary steelmaking consists of several 
steps of steel cleaning and composition control (Figure 1.66). Hot rolling includes slab 
reheating, several deformation stages in a multi-stand rolling unit and an accelerated cooling 
line, to carry out the thermo-mechanically controlled processing (Figure 1.67). The desired 
mechanical properties are obtained via time-deformation-temperature combinations. The main 
technological parameters, responsible for the plate properties, are slab reheating temperature, 
number of deformation passes and reduction per pass, start and finish roll temperatures, time 
and temperature of holding (during thermo-mechanical control processing) and cooling rate. 
Choosing different absolute values of these parameters make it possible to control the 
microstructure grain size, second phase type and microalloy precipitate size and distribution. 
Finally the microstructure will influence the mechanical properties via the strengthening 
mechanisms described above.  
 
Figure 1.66 Schematic illustration of secondary steel making [134] 
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Figure 1.67 Rolling mill layout; MULPIC – multipurpose interrupted cooling, ACC – 
accelerated cooling, UT – ultrasonic testing [137] 
 
1.5.2 Plate properties development 
 
For the production of HSLA steel plates different processing schedules have been 
developed, Figure 1.68,a [137,138]. The schedules can be roughly divided into three main 
types, with increasing levels of yield stress and tensile strength from “N” to “TM” and to 
“TM + AC” scheme (Figure 1.68,b): 
1. hot rolling in austenite temperature region + air cooling + normalising (N), 
2. hot rolling in austenite below recrystallisation or in two-phase (austenite + ferrite) 
temperature region + air cooling (TM), 
3. hot rolling in austenite below recrystallisation or in two-phase (austenite + ferrite) 
temperature region + accelerated cooling (TM+AC). 
This plate strength increase can be related to grain refinement, formation of bainite as the 
second phase (instead of pearlite), dislocation density and particle number density increase 
(Figure 1.69). 
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a b  
Figure 1.68 (a) Rolling schedules and (b) mechanical properties of steels processed according 
to different schedules [137]; TM – thermo-mechanical treatment, ACC – accelerated cooling, 
DQ – direct quenching, QST – quenching and self-tempering, IC – intermediate cooling, 
MAE – maximum likelihood estimation 
 
a  b  
c  
Figure  1.69 (a) Typical microstructures of steels processed to different schedules,  
(b) dislocation density increase from the predominantly ferritic to bainitic microstructure (c) 
carbon extraction replicas of Nb-rich particles (showing particle size decrease with finish roll 
temperature, TE, decrease) [134] 
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During hot rolling the yield stress increases with a decrease in rolling temperature due to 
grain size decrease, although tensile strength does not show any significant changes (Figure 
1.70 a, b). Increase in strength with increase in soaking temperature, for the Nb-alloyed steel 
in Figure 1.70, can be attributed to Nb-rich particle dissolution and further precipitation 
during rolling at a finer scale. Nb-rich particle number density increase leads to significant 
grain boundary pinning during recrystallisation, which finally results in the grain size 
decrease. Increase in strength with deformation increase is due to grain size decrease and 
dislocation density increase (Figure 1.70, c). Lower yield stress for 25% deformation after 
soaking, than before it, can be related to dislocation annihilation and grain growth during 
soaking. 
During thermo-mechanically controlled processing finish rolling temperature and cooling 
rate significantly influence the microstructure and mechanical properties. With finish rolling 
temperature decrease, below the austenite recrystallisation temperature (<900 0C) and into the 
two-phase (α+γ) region, the grain size decreases (Figure 1.71 and 1.72, a). Consequently the 
yield stress and tensile strength increase, and the impact transition temperature decreases 
(Figure 1.72, a). Further decrease in finish rolling temperature to 700 0C results in the 
appearance of a maximum on the temperature-strength curve and, then, significant strength 
decrease (Figure 1.72, b). This behaviour has been explained by the reduction in contribution 
from accelerated cooling [141]. Thus, as finish rolling temperature decreases for constant 
finish cooling temperature, the temperature interval of accelerated cooling decreases. This 
leads to the acicular ferrite constituent in polygonal ferrite matrix, Figure 1.73, and strength, 
Figure 1.72, b, decreasing.  
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a b  
c  
Figure 1.70 Rolling temperature influence on (a) the mechanical properties of a  
0.11C-0.47Cr-0.47Cu-0.024Nb steel and (b) grain size;  (c) deformation influence on the 
mechanical properties [139] 
 72
 
 
 
 
 
Figure 1.71 Effect of finish rolling temperature on steel microstructure at 30% deformation: 
(a) – 740 0C, (b) – 780 0C, (c) – 820 0C [140] 
 
a b  
Figure 1.72 Influence of finish rolling temperature on mechanical properties of (a) a X52 
steel containing 0.10C-0.036Nb-0.010V [140], and (b) a X100 steel containing 0.070C-
0.050Nb-0.27Mo-0.017Ti [141] 
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a  b  
Figure 1.73 Microstructure and mechanical properties of a X70 steel after (a) 840 0C finish rolling 
temperature and 580 0C finish cooling temperature and (b) 7200C finish rolling temperature and 
600 0C finish cooling temperature: AF – acicular ferrite, PF – polygonal ferrite [142] 
 
With an increase in cooling rate the ferrite grain size decreases, Figure 1.74, which results in 
a yield stress and tensile strength increase, Figure 1.75. However, the impact upper shelf energy 
decreases with increasing cooling rate. As it is undesirable when producing high toughness 
material, absolute values of cooling rate should be restricted to certain optimum value ranges. 
Depending on prior deformation either bainite or acicular ferrite can be formed (Figure 1.76, a, 
b). Their volume fraction increases with cooling rate increase, which also adds to steel strength 
increase. Cooling rate increase leads to an increase in the yield stress to tensile strength ratio 
(curves A and B on Figure 1.76, c). Coiling after cooling results in YS/UTS ratio decrease due 
to dislocation annihilation (curves C and D on Figure 1.76, c). Prior deformation results in 
YS/UTS ratio increase due to dislocation density increase and, probably, due to particle number 
density increase by dislocation-induced precipitation (curve E on Figure 1.76, c). 
 
Figure 1.74 Effect of cooling rate on steel microstructure at 30% deformation and 780 0C 
finish rolling temperature: (a) – 5 0C/s, (b) – 10 0C/s, (c) – 20 0C/s [140] 
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Figure 1.75 Cooling rate influence on mechanical properties of an X52 steel containing 
0.10C-0.036Nb-0.010V [140]  
a  b  
c  
Figure 1.76 Continuous cooling transformation diagram of a 0.066C-0.037Nb-0.062V-
0.017Ti steel (a) without prior deformation and (b) with 0.6 strain prior deformation at       
860 0C: PF – polygonal ferrite, P – pearlite, AF – acicular ferrite, B – bainite; and (c) YS/UTS 
ratio dependence on cooling rate [143] 
 75
 
 
Finish cooling temperature in the range below 600 0C from the same finish rolling 
temperature does not influence the microstructure and the yield stress significantly, but the tensile 
strength was observed to increase with finish cooling temperature decrease  [142] (Figure 1.77).  
a   
b  
Figure 1.77 (a) Microstructures and (b) the mechanical properties dependence on finish 
cooling temperature for a X70 steel: A1-A6 - finish rolling temperature 840 0C, A1 – finish 
cooling temperature 100 0C, A2 - 200 0C, A3 - 340 0C, A4 - 430 0C, A5 - 480 0C, A6 - 580 
0C ; A7-A12 - finish rolling temperature 720 0C, A7 – finish cooling temperature 100 0C, A8 - 
240 0C, A9 - 330 0C, A10 - 420 0C, A11 - 505 0C, A12 - 600 0C [142] 
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As can be seen from the above, steels with the same chemistry but rolled according to the 
different temperature-deformation schedules can exhibit a wide range of microstructures and 
mechanical properties. In general, to increase strength finish rolling temperature should be 
decreased, deformation increased and cooling rate increased (to some extent so as not to lose 
toughness). When producing the HSLA plate steels for line pipe forming, precise correlation 
between rolling parameters, microstructure and plate properties is needed, due to high 
requirements simultaneously for pipe strength and toughness. During pipe forming, cold 
deformation adds to the pipe properties via work-hardening or work-softening (due to the 
Bauschinger effect). Although quantitative description of work-hardening can be considered 
as having been established, quantitative dependencies of work-softening based on 
microstructure parameters have not. If quantitative dependence of the Bauschinger effect on 
microstructure (dislocation density and precipitate distributions) were found, the rolling 
parameters might be chosen with respect to the mechanical property change during pipe 
forming. Thus the Bauschinger effect investigation in this project is closely connected to 
rolling technology development. 
 
1.6 Large diameter pipe forming 
 
1.6.1 UOE forming process 
 
The UOE pipe forming process consists of several stages schematically shown in the 
Figure 1.78 [144]. A hot rolled or thermo-mechanically controlled processed plate is typically 
supplied at a given length, e.g. 12.5 m, and at a width corresponding to the pipe diameter 
(Figure 1.78, a). After cleaning, four tabs are welded to the plate, one at each corner (Figure 
1.78, b). These tabs provide run-on and run-off strips, which enable stabilisation of the arc 
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during welding of the pipe body. Next is the edge preparation stage, Figure 1.78, c, where the 
edges are machined to give parallel planes, and then a required welding angle is machined, to 
ensure full penetration of the weld through the wall thickness of the pipe. After that the edges 
are bent with a special crimping press to the pipe diameter form, for better control of the pipe 
final shape after the O-ing stage.  
a b c
d e f  
Figure 1.78 Schematic diagram of the UOE pipe forming process: (a) – initial plate,  
(b) – welding of the tabs, (c) – pre-forming of the plate edges, (d) – U-ing stage,  
(e) – O-ing stage, (f) – expansion 
 
After edge preparation the plate goes to the U-ing press, which has a U shaped die and 
rollers at each side of the plate (Figure 1.78, d). At the beginning of this stage the U-bulb die is 
lowered in the middle of the plate. Then the rollers go inwards and finish plate bending around 
the U-bulb. The length of the U-die equals the length of the pipe and the radius is chosen with 
respect to the internal radius of the pipe. During forming of high strength steels, such as X120 
grade, severe spring back after the U-ing stage may occur. By increasing the U-bulb radius in 
the vertical direction it is possible to reduce the extent of spring back (Figure 1.79). 
The O-ing stage is carried out by a separate press with two semicircular dies (Figure 
1.78,e). After the U skelp is lubricated the two dies are moved towards each other to form a 
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cylinder. The edges of the plate are brought together and the U-shape plate transforms into an 
O-shape through a series of plastic hinges around the pipe cross section. The radius of the U-
part of the plate cross section is increased and the parallel parts of the plate continue bending 
in the same direction as at the U-ing stage. After the plate reaches the O-shape the semi-
circular dies continue moving inwards to “kill” the pipe and ensure no spring back on 
unloading. This also gives full contact between the plate edges providing better weld quality. 
Thus after the O-ing stage the pipe has an approximately 1% smaller diameter than the final, 
customer required, one.  
a b  
Figure 1.79 U-bulb shape development with FEM simulation:  
a – conventional form, b – modified form [145]  
 
The “O” pre-form is washed and dried to remove any residual lubricant and moisture and 
prevent hydrogen entering the weld. Then the “O” pre-form goes to the continuous tack 
welding station, where each pipe passes through a series of pressure rolls, to ensure edge 
alignment, and a single wire gas metal arc weld is made. This weld is subsequently inspected 
visually and all the necessary repairs are made. At the main welding stage two welds are made 
by the multi-wire feed submerged arc welders: first is from the inside of the pipe and another 
from the outside. After non destructive testing the pipe moves to the final forming stage – 
mechanical expansion (E-ing).   
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Twelve internally tapered expander shoes are placed inside the pipe (Figure 1.78, f). One of 
the shoes has a notch into which the internal weld bead fits. A tapered mandrel is driven inside 
the pipe forcing the expander shoes outwards. Thus the pipe perimeter is stretched. Mechanical 
expansion compared to hydraulic expansion provides good roundness and straightness of the 
pipe wall. All the deformation stages of the process are carried out at room temperature. 
 
1.6.2 Strain distribution during pipe forming  
 
In the process of simple bending the strain magnitude can be calculated according to 
Figure 1.80. If shear deformation across the bar is neglected, which is possible at low strains, 
the neutral layer can be accepted as being at the mid-thickness of the bar. In this case the 
elongation of the outer layer will then be as follows: 
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The inner layer is compressed by the same magnitude of strain:  
⎟⎠
⎞⎜⎝
⎛ −
−=ε
2
tR2
t
0
in .    
          
Figure 1.80 Schematic diagram of the bar cross section in the process of simple bending: R0 – 
outside diameter of the bar after bending, t – thickness of the bar 
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In the process of pipe diameter expansion, or reduction, deformation of a pipe can be 
calculated as the cross section perimeter change (Figure 1.81): 
r
rR
r2
r2R2
e
−=π
π−π=ε  - for expansion and 
R
Rr
R2
R2r2
r
−=π
π−π=ε  - for reduction.    (1.2) 
a  b  
 Figure  1.81 Schematic diagram of the pipe cross section in the process of 
(a) diameter expansion and (b) diameter reduction 
 
Using equations (1.1) and (1.2) it is possible to assess the strain at each stage of the UOE 
forming process. A comparison between calculated values using the above equation and the 
limited literature data available is presented below.  
 
U-ing stage 
 
Example – 1, a 
For a 914 mm final diameter pipe with 25 mm wall thickness the U-radius is reported to 
be 286 mm [146]. Substituting t = 25 mm and R0 = 286 mm into equation (1.1) the maximum 
strain in the pipe wall can be estimated as follows: 
0460
2
252862
25 .=
⎟⎠
⎞⎜⎝
⎛ −
=ε . 
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Example – 1, b 
In this situation, subtraction of 25 mm wall thickness from 286 mm outside radius gives 
Rbulb= 261 mm for the U-bulb radius (Figure 1.82). If the U-bulb radius is assumed to be the 
same for another pipe wall thickness, then for plate of thickness t = 38 mm the pipe section 
outside radius after U-ing will be: 
R0 = Rbulb + t = 261 + 38 = 299 mm. 
Substituting the latter figure into equation (1.1) gives the maximum strain in the plate 
outer layer as: 
0680
2
382992
38 .=
⎟⎠
⎞⎜⎝
⎛ −
=ε . 
Rbulb
 
Figure 1.82 Schematic diagram of the U-ing stage cross section 
 
FE modelling of a 914 x 38 mm pipe U-ing stage by Hilton and Usherwood (a reference to the 
“British Steel technical note” in [146]), gave the maximum strain ε = 0.036…0.054. Comparison 
of this value with the equation (1.1) calculation gives 20 – 47 % accuracy. Lower reported values, 
than calculated with the equation (1.1), can be related to two aspects, not taken into account in 
equation (1.1). First – friction between the tool and work-piece (plate – U-bulb) leads to a 
decrease in tensile deformation in the outer layer of the plate. Second – the neutral layer shifts 
form the centre-line of the plate towards the U-bulb resulting in compression deformation 
decreasing at the inner-surface of the plate.  
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Example – 2 
For a 610 x 12.7 mm pipe U-bulb diameter is reported to be 483 mm [64]. Thus the plate 
radius after U-ing is:  
R0 = Rbulb + t = 483/2 + 12.7 = 254.2 mm. 
Maximum strain calculated with equation (1.1) is as follows: 
02560
2
71222542
712 .
..
. =
⎟⎠
⎞⎜⎝
⎛ −
=ε . 
According to a theoretical estimation [64], the maximum strain for this pipe during U-ing is 
ε=0.028, which is 8.6 % higher than calculated. The larger reported value in this case may be 
related to a neutral layer shift from the centre-line inwards. It is worth highlighting that the 
agreement, between reported values and equation (1.1) calculations, was better for lower values of 
deformation.  
 
O-ing stage 
For a 914 x 25 mm pipe the O-stage outside diameter is reported to be 454 mm. Strain in 
the edges, where bending occurs inwards (Figure 1.83, a), according to equation (1) is: 
0280
2
254542
25
edge .=
⎟⎠
⎞⎜⎝
⎛ −
=ε . 
a       b  
Figure 1.83 Schematic diagram of (a) the O-ing stage cross section and  
(b) opposite to the weld plate segment deformation  
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The total strain in the area opposite to the weld can be determined by summing the strain 
values after O-ing and U-ing. Strain during U-ing can be calculated with equation (1.1). Strain 
during O-ing can be calculated considering Figure 1.83, b; the maximum strain in the outer 
layer of a selected plate segment during O-ing is as follows: 
U
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U
O
UU
UO
U
O
U
UU
UUOO
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outO R
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R
RR
R
RR
−α
α
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⎟⎟⎠
⎞
⎜⎜⎝
⎛ −α
αα
=α
α−α=−=ε − l
ll . 
As the neutral layer length remains constant then: 
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U
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tR2 −−
−
=ε − . 
And the maximum strain in the inner layer is: 
( ) ( )
tR
tRtR
tR2
tR2
U
UO
O
U
inO −
−−−−
−
=ε −  
Substituting the numerical values for the example discussed gives: 
0460
2
252862
25
outU .=
⎟⎠
⎞⎜⎝
⎛ −
=ε − ,     0460inU .−=ε −  
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286454
254542
252862
outO .−=
−⋅−⋅
−⋅
=ε − , 
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0180
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254542
252862
inO .
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=−
−−−⋅−⋅
−⋅
=ε − . 
Therefore the total strain in the outer layer after O-ing is as follows: 
029001700460outOU ... =−=ε −+ , 
and at the inner surface 
028001800460inOU ... −=+−=ε −+ . 
For the 914 x 25 mm pipe Harris and Senogles, according to [146], reported that the 
maximum strain after O-ing, εU+O, to be -0.046…0.032, where negative values denote 
compression on the inside surface of the pipe and positive values denote tension on the 
outside surface. Larger reported values of tension on the outside surface, as in the case of 
Example-2 for U-ing, can be related to a neutral layer shift inwards. Larger compressive strain 
on the inside surface can be explained if compression on the inside layer at the edges 
propagates to the cross section area opposite to the weld. This may occur due to the 
boundaries of the “area opposite to the weld” being unstable, as they assume their position 
with respect to the circumferential stress equilibrium.    
 
“Killing” and Expansion 
The outside diameter of the 914 mm pipe after “killing” was reported to be 905 mm [146]. 
Thus for the diameter reduction from the O-stage, 454·2 = 908 mm, to 905 mm equation (1.2) 
gives: 
0030
908
908905
K .−=−=ε . 
Strain in the outside layer after expansion is: 
0100
905
905914
E .=−=ε . 
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Inner surface strain does not depend significantly on the pipe wall thickness and for the  
E-stage for different pipe wall thicknesses equates to: 
0105025t .=ε = ,   0108038t .=ε = ,   01120850t .. =ε = . 
Strain gauge and grid measurements by Harris and Senogles show that, for the E-stage, 
strain at the inner surface to be 0.011 – 0.013 and at the outer surface to be 0.013 – 0.016 
depending on pipe wall thickness (Table 1.9). For the outer surface the measured data are     
30 - 115 % higher than calculated, and for the inner surface – only 1 – 20 % higher. Lower 
strain values and better correspondence between reported and calculated values at the inner 
surface can be related to the presence of an internal tool during expansion. Obviously 
expansion shoes, being in contact with the metal, retard metal flow on the internal surface of a 
pipe and the neutral later shifts inwards. But on the outside surface the metal flow is 
unconstrained. 
On a whole, a theoretical estimation of strains during UOE forming, proposed in the 
present work, shows lower values of strain then experimental measurements. This is a result 
of assumptions, taking during theoretical derivation, such as: neutral layer positioning in the 
centre line of the pipe wall cross section; absence of friction on the inside and outside surfaces 
of the pipe wall; equal cross section radius for all the points of the described segment (plate 
edges, opposite to the weld area); equal pipe wall thickness during the whole process of 
bending; constant mechanical properties of the pipe material. 
 
Table 1.9 Strain levels during the E-stage for the 914 mm diameter pipe with different 
wall thicknesses 
Measured Calculated Pipe wall 
thickness, mm εinner εouter εinner εouter 
25.0 0.013 0.013 0.011 0.010 
38.0 0.011 0.022 0.011 0.010 
50.8 0.012 0.016 0.011 0.010 
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Comparison between strain values for all the stages of the UOE forming process shows 
that maximum deformation occurs during the U-ing stage in the area opposite to the weld 
(Table 1.10). The absolute values of deformation after O-ing are approximately the same in 
the edges and in the area opposite to the weld (Figure 1.83, a). However, differences in strain 
path should be taken into consideration when evaluating mechanical properties. Thus, the 
edge material is subjected to unidirectional deformation followed by a full cycle of reverse 
loading, and the material opposite to the weld undergoes two full cycles of reverse 
deformation. In terms of pipe property development, after such deformation schedules it is 
possible to expect lower strength in the area opposite to the weld, compared to the plate edges 
(areas around the pipe weld). 
 
Table 1.10 Strain values during forming of a 914 x 25 mm pipe (calculation) 
Outer surface Inner surface Forming 
stage Opposite to the weld Plate edges 
Opposite to the 
weld Plate edges 
U-ing 0.046 0 - 0.046 0 
O-ing - 0.017 0.028 0.018 - 0.028 
“Killing” - 0.003 - 0.003 - 0.003 - 0.003 
Expansion 0.010 0.010 0.011 0.011 
 
1.6.3 Pipe property evaluation 
  
The pipe body mechanical properties are developed in two ways. The first is 
microstructure formation during plate rolling and its influence on the properties via 
strengthening mechanisms, described in sections 1.4 and 1.5. The second is the cold 
deformation schedule during forming, which may result in strength increase due to 
unidirectional loading (work-hardening) or decrease due to the reverse loading (the 
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Bauschinger effect). The main feature of the UOE forming process, affecting the property 
distribution in the pipe cross-section, is inequality of strain magnitude and deformation 
direction sequence for different areas of the plate cross-section (Table 1.10, Figure 1.84).  
 
Figure 1.84 (a) Schematic diagram of the pipe cross-section after U-ing and O-ing:  
RU and RO – outer radius of a pipe after U-ing and O-ing; (b) property zones in the pipe cross-
section after the UOE forming: C – compression, T – tension 
 
Qualitatively the properties are formed in the following way. As a result of bending 
during U-ing, the inside surface of the segment opposite to the weld is subjected to 
compression and outside surface to tension. Absolute values of strain on this deformation 
stage in the range 0.025 - 0.068 result in work-hardening in these areas. During O-ing the 
plate edges are bent inwards and opposite to the weld segment outwards, as the U-bulb radius 
RU is smaller than the radius of the pipe after O-ing RO (Figure 1.84). So after O-ing with 
strains of about 0.02, the strength in the segment opposite to the weld should decrease, due to 
the full cycle of forward-reverse deformation, and increase in the edges, due to unidirectional 
deformation and further work hardening. “Killing”, with subsequent expansion with more 
than 0.01 strain, adds another cycle of forward-reverse deformation: during “Killing” the pipe 
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experiences whole cross-section compression and during expansion whole cross-section 
tension. Finally, the segment opposite to the weld undergoes two full cycles of forward-
reverse deformation and the plate edges one cycle of unidirectional and one of forward-
reverse deformation. This may result in work-softening from plate to pipe, especially in the 
segment opposite to the weld [64, 65]. The amount of possible strength loss depends on the 
pipe geometry (with pipe wall thickness increase and outside diameter decrease the strain 
increases), microstructure and initial mechanical properties of the plate material. 
Quantitative measurements of the pipe body mechanical properties are performed using 
test coupons cut mainly from the 1800 position (opposite to the weld) in the transverse and 
longitudinal directions, but the 900 or 2700 positions may be also used according to customer 
requirements. In the transverse direction the test samples are machined either directly from a 
pipe segment or after flattening (Figure 1.85). There is an additional deformation half cycle 
during flattening, which can result in softening due to the Bauschinger effect, meaning that, 
the strength in transverse orientation measured using flattened specimens may be lower than 
that measured with other methods. On the other hand, in the longitudinal direction strength 
may increase due to work-hardening. Thus, pipe material strength change during flattening 
should be considered when assessing the real magnitude of the pipe properties. As an 
alternative, an hydraulic expansion test can be done using a full cross-section pipe ring. As a 
pipe ring includes the weld area, the last method gives the yield stress for the pipe body, and 
also the yield stress (YS) and ultimate tensile strength (UTS) for the weld metal. It allows 
more accurate measurement of the pipe body yield stress in the transverse direction than any 
other method, but it requires specialised test equipment.  
Recent investigations into the influence of test methods on mechanical property data 
obtained in the transverse direction have shown the following (Table 1.11):  
- in all but one case, flattening leads to a significant yield stress decrease, compared to the 
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round bar and hydraulic expansion tests, which are performed without prior deformation 
of a test piece, 
- the YS decrease due to flattening may reach 10 - 30 %, which is consistent with earlier 
reported data of 20 % YS decrease for a 610 x 12.7 mm pipe [64], 
- the UTS change due to flattening is significantly smaller than the YS change (Figure 1.85, a), 
as YS reflects the dislocation-obstacle interaction conditions (level of work-
hardening/work-softening) prior to/on start of deformation and UTS shows more of the 
inherent ability of the material to accumulate work-hardening and prevent crack 
propagation, 
- the YS and UTS drop, because of flattening, increases with microalloying element content 
and absolute values of strength increase, i.e the drop is higher for the X100 steel than for 
the X80, and for the X80 is higher than for X70 steel. 
a b  
c  
Figure 1.85 Schematic diagram of the (a) round bar tension test, (b) flattened specimen 
tension test and (c) hydraulic ring expansion 
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As can be seen from Table 1.11, apart from the alloying element content and initial strength 
level, microstructure phase balance influences property variation with a test method. Thus the 
ferrite-pearlite X60 steel grade, although being of a lower absolute strength, showed higher 
the YS and UTS drop due to flattening than X70 steel, which has an acicular ferrite 
microstructure and higher microalloy and strength levels. This may be related to different 
dislocation-particle interaction conditions for different steel grades, however this aspect was not 
reported in the reference [147]. 
  
 
Table 1.11 Mechanical properties of pipe material in the transverse direction measured 
using different methods (derived from [147]), MPa 
Steel grade X60 X70 X80 X100 
Pipe diameter x wall 
thickness, mm 
914 x 25.4 1016 x 21.0 1066.8 x 25.0 914.4 x 19.0 
Alloying elements Nb-V Cu-Ni-Mo-Nb-V Cu-Ni-Mo-Nb Cu-Ni-Mo-Nb
Microstructure F* + P AF AF LB + M 
0.5%YSF 479 551 583 668 
Flattened UTSF 578 629 678 829 
0.5%YSR 495 550 603 807 
Round bar UTSR 574 623 684 839 
Hydraulic,0.5%YSH 565 610 648 849 
YSF -YSR - 16 + 1 - 20 - 139 
YSF -YSH - 86 - 59 - 65 - 181 
UTSF -UTSR + 4 + 6 - 6 - 10 
*F – ferrite, P – pearlite, AF – acicular ferrite, LB – lower bainite, M – martensite; 
YSF and UTSF – yield stress and tensile strength after flattening, YSR and UTSR – yield stress 
and tensile strength measured using the round bar test method, YSH – yield stress measured 
with the hydraulic ring expansion test 
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Comparing the influence of flattening on mechanical property change in different 
directions it can be seen, Figure 1.85, that in the longitudinal direction the absolute values of 
the YS and UTS do not depend on the method of testing, however in the transverse 
orientation the YS obtained with flattened specimens is lower than that obtained with the 
round bar specimens. The difference in the YS data in transverse direction increases with 
material strength increase, as the Bauschinger effect tends to increase with microalloying 
element content and work-hardening increase (see section 1.2.4). 
a  
b  
Figure 1.85 Flattened specimen vs round bar specimen mechanical property data in  
(a) transverse and (b) longitudinal direction [147] 
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1.6.4 Plate to pipe property change  
 
Quantitative data of plate to pipe property changes are very scarce, due to difficulties 
involved in experimentally reproducing the pipe forming stages and property evaluation 
described above. However, it is known that strength may increase, decrease or remain the 
same, and this change depends on steel chemistry and the initial properties, as discussed 
above. 
Recent studies of plate to pipe property changes have shown an increase in both YS and 
UTS from plate to pipe due to work-hardening, but this depended on steel chemistry, namely 
microalloying element content, Table 1.12 [146]. In the pipe longitudinal direction, where the 
reverse deformation as a source of work-softening might be considered less prominent due to 
the Bauschinger effect dependence on test direction (see Figure 1.49 in section 1.2.3), the YS 
increase from plate to pipe is lower for more highly alloyed steels and the UTS increment 
steadily decreases with increase in microalloying. In the transverse orientation a decrease in 
the YS from plate to pipe was observed and the YS drop increased with microalloying 
element content increase. On the basis of these data and some earlier work [69] it is possible 
to conclude, that, during pipe forming, two competitive processes take place in the pipe 
material at the same time – work hardening due to the unidirectional straining and work 
softening due to the reverse cold deformation (the Bauschinger effect).  
According to the Bauschinger effect theories (see section 1.2) the yield strength decrease 
in alloyed steels depends on their dislocation structure and microalloy particle distributions. 
The dislocation structure, formed during thermo-mechanically controlled rolling, is influenced 
by the processing parameters, such as absolute strain levels, deformation start and finish 
temperatures, and cooling rate. During plate to pipe cold forming the strain levels and 
deformation direction add to the dislocation structure formation. The microalloy particle 
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distributions in their turn depend on the alloying element types and plate rolling parameters. 
At present, the qualitative influence of the Bauschinger effect on plate to pipe property change 
is understood, i.e. with increase in microalloying and work-hardening the Bauschinger effect 
increases. However, further development of plate and pipe processing technology and product 
quality control requires a quantitative understanding of how the mechanical properties depend 
on processing parameters and steel chemistry.  
Table 1.12 Plate to pipe property change (derived from [146]), MPa 
 
Steel grade X52 X60 X65 
YSpl 357 458 498 
plate UTSpl 493 543 568 
YSpipe 378 473 514 
pipe 
UTSpipe 511 551 564 
YSfp 397 447 523 
flattened pipe 
UTSfp 501 539 567 
YSpipe - YSpl + 21 + 15 + 16 
UTSpipe - UTSpl + 18 + 8 - 4 
YSfp - YSpl + 40 - 11 + 25 
lo
ng
itu
di
na
l o
rie
nt
at
io
n 
UTSfp - UTSpl + 8 - 4 -1 
YSpl 352 481 528 
plate 
UTSpl 490 557 571 
YSfp 390 478 519 
flattened pipe 
UTSfp 500 555 573 
YSfp - YSpl + 38 - 3 - 9 
tra
ns
ve
rs
e 
or
ie
nt
at
io
n 
UTSfp - UTSpl + 10 - 2 + 2 
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1.7 Aims and objectives of the project 
 
The mechanical properties of the pipes are dependent on the rolled plate microstructure / 
properties and the cold deformation schedule during pipe forming. In their turn, the plate 
microstructure and properties are significantly dependent on plate processing (section 1.5.1) 
and plate to pipe property change depends on strain magnitude and direction during forming 
(section 1.6). Microstructure-property correlation equations (section 1.4) predict these 
relationships well within the steel chemistries for which they were developed. Work-
hardening due to unidirectional cold deformation can be considered quantitatively understood 
(section 1.1.7), however work-softening due the reverse deformation is known only 
qualitatively (section 1.2). Thus to fully understand and predict pipe mechanical properties 
quantitative understanding of the microstructure (dislocation sub-structure, precipitate 
distribution) influence on work-softening is needed.  
In the present work this problem is being solved for materials with the same processing 
parameters but different chemistry, namely microalloying element content. This allows the 
influences of plate processing parameters on pipe properties via plate microstructure to be 
separated. Chemistry, namely microalloying element content, influence on the Bauschinger 
effect is assessed via dislocation-particle interaction, for which the microalloy particle 
distributions and dislocation densities are studied separately and correlated to the property 
change. The aims and objectives of this project are summarised in the Table 1.13. 
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Table 1.13 Aims and objectives of the project 
Field of study AIM OBJECTIVES 
theoretical 
prediction 
Thermo-Calc computer modelling of phase balance 
phase constituents, ferrite grain size,  
pearlite content, solute element inclusions 
microalloying element content distribution 
Microalloy precipitates size, morphology, chemistry 
and distribution in the ferrite matrix 
microstructure 
of the plate 
material 
experimental 
characterisation 
dislocation structure type and dislocation density 
UOE pipe 
forming 
process 
cold 
deformation 
schedule 
strain magnitude, direction, and distribution in the pipe 
cross section 
unidirectional 
deformation 
yield stress and tensile strength dependence on steel 
chemistry, dislocation structure and microalloy particle 
distributions 
mechanical 
properties of 
the plate 
material 
forward-reverse 
deformation 
yield stress in the reverse direction quantitative 
dependence on steel chemistry, dislocation structure 
and microalloy particle distributions 
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2. MATERIALS AND EXPERIMENTAL TECHNIQUES 
 
2.1 Materials 
 
Three different steel plates originally provided by Corus plc, Plates and Commercial Steels 
(SPCS), were used (Table 2.1). The C-Mn steel plate was 8.1 mm in thickness, C-Nb 10.2 mm 
and C-Nb-V 10.5 mm. Mechanical properties meet the requirements of the American Petroleum 
Institute for B grade (C-Mn), X60 (C-Nb), and X65 (C-Nb-V) (Table 2.2). 
The C-Nb and C-Nb-V steel microstructure and mechanical property investigations were 
carried out for both steels in the as-rolled and annealed conditions. Annealing at 400 0C and 
550 0C for 30 min was applied to modify the dislocation structure and microalloy particle 
distributions, without affecting the grain size and the second phase (pearlite) content. 
 
Table 2.1 Plate compositions in weight % 
Steel C Si Mn P S Cr Al Ni Cu Nb V N Ti Mo 
C-Mn 0.12 0.23 1.09 0.019 0.100 0.023 0.33 - 0.015 0.001 0.002 0.020 0.001 0.002
C-Nb 0.10 0.37 1.36 0.012 0.006 0.017 - 0.016 0.009 0.034 0.001 0.002 0.001 0.002
C-Nb-V 0.07 0.34 1.47 0.012 0.003 0.013 - 0.021 0.015 0.046 0.061 0.004 0.002 0.002
 
Table 2.2 Plate tensile properties in transverse orientation (courtesy of Corus SPCS) 
Steel YS, MPa UTS, MPa Elongation to failure, % 
C-Mn 359 494 25 
C-Nb 487 568 21 
C-Nb-V 557 590 19 
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2.2 Experimental techniques 
 
2.2.1 Thermodynamic modelling  
 
Computer modelling of the microstructure was carried out using versions L and Q of 
Thermo-Calc. The bulk alloy compositions were used as the software input. Equilibrium 
phase balances within the temperature range 600-1600 K were calculated along with phase 
compositions for all the three studied steels.  
 
2.2.2 Optical microscopy and image analysis  
 
For optical microscopy, sections of approximately 10 mm x 10 mm x 10 mm in size were 
cut from the as-rolled and annealed plates, mounted in conductive bakelite parallel and 
perpendicular to the rolling direction, ground and polished to a 1 μm finish then etched in 2% 
nital. The specimens were imaged using Leica DMRX and Zeiss Axioskop2 microscopes and 
analysed using KS 300 and KS 400 software. Grain size was measured as an average 
equivalent circle diameter for 800-2000 grains for each point. Pearlite percent was measured 
using 5 images for each point at a magnification of 100x (0.161 mm2) or at a magnification of 
200x (0.039 mm2) depending on the steel grade. Measurements were made across the plate 
thickness in 0.4 mm steps. 
 
2.2.3 Scanning electron microscopy (SEM)  
 
SEM imaging of Mn-, Si- and Al-rich particles was carried out on a Jeol-6300 SEM 
across plate thickness for all three steels. 
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SEM imaging of Nb- and Nb-Ti-rich precipitates was carried out using a Jeol JSM-7000F 
field emission gun scanning electron microscope. Nb-Ti-rich particles were imaged from 4 
regions, ferrite and pearlite, sub-surface and mid-thickness, and characterised in terms of 
morphology, size, volume fraction and number density. For the determination of the particle 
size distributions and area fraction in the C-Nb steel 630 particles from 15585 μm2 and in the 
C-Nb-V steel 1064 particles from 10780 μm2 total area were imaged. 
 
2.2.4 Transmission electron microscopy (TEM)  
 
Microalloy particle investigation in as-rolled and annealed C-Nb and C-Nb-V steels was 
carried out on Philips-CM20 (LaB6) and Philips Tecnai F20 (field emission gun) TEMs. 
NbTiV- and Cu-rich particles in the C-Nb-V steel were imaged from 2 regions, plate mid-
thickness and sub-surface (Table 2.3). Determination of the foil thickness was carried out 
using a convergent beam diffraction technique [148]. The foil thickness was measured to be in 
the range 76-120 nm. 
 
Table 2.3 TEM studied area and particle number imaged for the C-Nb-V steel 
Place of precipitation As-rolled Annealed 400 0C Annealed 550 0C 
Particle number 469 152 Sub-
surface Total area, μm2 3.91 not measured 0.81 
Particle number 918 362 688 Mid-
thickness Total area, μm2 3.12 0.53 3.35 
 
Dislocation sub-structures were studied using Philips-CM20 and Philips Tecnai F20 TEMs. 
For the dislocation density determination 20 representative regions were imaged in each of the 
as-rolled and annealed C-Nb and C-Nb-V steels from the plate mid-thickness position. For each 
representative region 3 - 4 images where taken for different beam directions from the same zone 
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axis. The mid-thickness position was selected to correlate the dislocation density with the 
mechanical property data obtained from the compression-tension samples. 
 
2.2.5 Energy dispersive X-ray spectroscopy (EDS) 
 
For the precipitate composition determination EDS point analysis was carried out in the 
Jeol-6300 SEM (Noran EDS, Vantage software), Jeol-7000F SEM (Inca Oxford EDS), 
Philips-CM20 TEM (Link Oxford EDS) and Philips Tecnai F20 TEM (Link ISIS Oxford 
EDS). For the chemical composition investigation of the Nb-Ti-rich precipitates (larger than 
50 nm) 48 particles in the C-Nb and 58 particles in the C-Nb-V steel were used for SEM-EDS. 
For the chemical composition investigation of the NbTiV- and Cu-rich precipitates (smaller 
than 50 nm) 51 particles in the as-rolled, 25 particles in the annealed at 400 0C and 55 
particles in the sample annealed at 550 0C C-Nb-V steel were used for TEM-EDS. 
 
2.2.6 Hardness testing 
 
For ferrite micro-hardness distributions across the plate thickness 5 indents for each point 
were measured using a Shimadzu Vickers micro-hardness tester at intervals of 0.2 mm. 500 g 
load was used for the three studied steels. For macrohardness distribution across plate thickness 
5 indents for each point were measured using an Indentec Vickers Hardness Testing machine. 
10 kg load was used for the three studied steels in the as-rolled and annealed conditions. 
 
2.2.7 Mechanical testing  
 
Mechanical properties of microalloyed steels were studied with compression-tension 
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specimens and compression testing of cylindrical samples. Compression-tension specimens 
were cut from the plate mid-thickness (Figure 2.1, a). Compression samples also included 
sub-surface areas of the plate material (Figure 2.1, b). 
 
Figure 2.1 schematic diagram of test samples to measure the (a) plate mid-thickness and  
(b) average plate mechanical properties 
 
Compression-tension testing was carried out on an ESH 250 kN servo-hydraulic twin 
column low speed ramp universal testing machine. For the forward-reverse stress-strain curve 
determination 4 cylindrical specimens of 4.5 mm diameter and 13 mm gauge length were cut 
in the transverse orientation to the rolling direction from the C-Nb and C-Nb-V as-rolled and 
annealed steel plates. The Bauschinger tests were carried out at room temperature, in the     
0.3 - 4.9 % plastic strain range, at 1.3 x 10-4 strain rate. 
Compression testing was carried out on a Zwick screw-driven tensile testing machine. To 
determine total (through plate thickness) yield stress 3 samples of 10 mm diameter and 10 
mm length from the C-Nb and C-Nb-V steels in the as-rolled and 550 0C annealed conditions 
were cut in the transverse orientation to the rolling direction. Four separate sets of samples, of 
5 – 6 specimens each from the C-Nb and C-Nb-V steel in the as-rolled and 550 0C annealed 
conditions, were compressed to different levels of strain to investigated the stored energy 
dependence on strain. 
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2.2.8 Differential scanning calorimetry (DSC) 
 
Stored energy dependence on strain, in the as-rolled and 550 0C annealed C-Nb and C-Nb-
V steels, was investigated using differential scanning calorimetry (DSC) in a Netzsch DSC 
404C calorimeter. The DSC samples of 70 – 80 mg mass were cut from the central axis area 
of cylindrical samples previously compressed up to 7.1 % strain. The heating curves exhibit 
two exothermal peaks in the 200 – 380 0C and 400 – 550 0C temperature ranges (Figure 2.2). 
The first peak was used for the stored energy analysis, as TEM measurements showed 
insignificant dislocation density decrease with annealing temperature increase from 400 0C to 
550 0C. The second peak is mainly related to second phase (pearlite) and microalloy particle 
precipitation. A degree of oxidation of the sample outside surface may also be a reason, as the 
samples were not mounted in protective coating, though the experiments were carried out in a 
flowing argon (100 ml min-1) atmosphere. 
a  
b  
Figure 2.2 DSC heating curves of the (a) C-Nb and (b) C-Nb-V steel samples cut from the 
plate mid-thickness position; shaded areas represent energy release 
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3. MICROSTRUCTURE AND MECHANICAL PROPERTIES OF PLATE 
STEELS 
 
3.1 Thermodynamic modelling of the microstructure with Thermo-Calc 
 
As the main aim of the present project is a quantitative determination of the dependence of 
strength development on microstructure during cold deformation, the accuracy of 
microstructure measurement influences the reliability of the result. Thus, in addition to the 
experimental investigation, microstructures of the steels used in the project were assessed 
theoretically using Thermo-Calc software [149]. In order to predict the equilibrium 
microstructures the steel full chemical compositions, Table 2.1, were used as input for 
Thermo-Calc. Phase balances, cementite and carbo-nitride phase content, and microalloying 
element content in the carbo-nitride phase were obtained as a function of temperature. As the 
second phase (pearlite) is actually a mixture consisting of ferrite and cementite, Thermo-Calc 
software can not calculate the amount of pearlite directly. However, having the cementite 
percent in pearlite and cementite percent in a steel it is possible to calculate the pearlite 
percent. 
 
Second phase (pearlite) content 
The cementite mass and volume in one mole of steel was taken at 900 K (627 0C), as the 
ferrite-pearlite phase-balance can be considered stable below this temperature (Table 3.1). For 
all the three steels cementite percent in pearlite was considered being equal and calculated 
using the basic Fe-C diagram and lever rule: 
Fe3C % in pearlite = %7.11%10002.07.6
02.08.0%100
CmaxC
CmaxC
CFe
pearlite
3
=−
−=−
−
α
α . 
 103
 
 
Pearlite % was calculated as follows: 
pearlite % = 
inpearlite%CFeV
%100%100m
3C3Fe
C3Fe
⋅⋅ρ
⋅⋅
 
where CFe3m  - mass of cementite in one mole of steel calculated with Thermo-Calc, CFe3ρ  - 
density of cementite, V – total volume of one mole of steel. 
For one mole of the C-Mn steel at 900 K the following values were obtained: 
CFe3m = 0.948 g,   CFe3ρ = 7.66 g/cm3,   V = 7.057 cm3 and 
pearlite % = %0.15
7.11057.766.7
100100948.0 =⋅⋅
⋅⋅ . 
For one mole of the C-Nb steel: 
CFe3m = 0.767 g,   CFe3ρ = 7.66 g/cm3,   V = 7.086 cm3 and 
pearlite % = %1.12
7.11086.766.7
100100767.0 =⋅⋅
⋅⋅ . 
For one mole of the C-Nb-V steel: 
CFe3m = 0.414 g,   CFe3ρ = 7.66 g/cm3,   V = 7.083 cm3 and 
pearlite % = %5.6
7.11083.766.7
100100414.0 =⋅⋅
⋅⋅ . 
As seen, with a decrease in carbon content in steel composition the pearlite content 
decreases (Table 3.1). 
  
Table 3.1 Equilibrium transformation temperatures and matrix phase balance for steels studied 
γ → ( α + γ ) 
temperature, A3  
( α + γ ) → α 
temperature, A1 
Pearlite content, (%) Steel 
K °C K °C  
C-Mn 1147 874 987 714 15.0 
C-Nb 1113 840 960 687 12.1 
C-Nb-V 1123 850 947 674 6.5 
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Carbo-nitride phase content  
To calculate the precipitate volume fraction, the mole fraction of the carbo-nitride phase 
was plotted as a function of temperature for all three steels (Figures 3.1,a - 3.3,a). The carbo-
nitride phase volume fraction increases with a decrease in temperature, due to the solubility of 
the alloying elements decreasing. The chemical composition of this phase changes with 
temperature and steel grade, as different microalloying elements precipitate at different 
temperatures. To assess the chemical composition of the carbo-nitride phase Ti, Nb and V 
contents were plotted versus temperature (Figures 3.1, b, c; 3.2, b; 3.3, b).  
a  
b c  
Figure 3.1 (a) Dependence of the carbo-nitride phase mole fraction in the C-Mn steel on 
temperature; (b) Ti, Nb, V and (c) N and C content in the carbo-nitride phase  
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a b  
Figure 3.2 (a) Dependence of the carbo-nitride phase mole fraction in the C-Nb steel on 
temperature and (b) Ti, Nb and V content in the carbo-nitride phase  
a b  
Figure 3.3 (a) Dependence of the carbo-nitride phase mole fraction in the C-Nb-V steel on 
temperature and (b) Ti, Nb and V content in the carbo-nitride phase  
 
In the C-Mn steel, from the start of solidification down to 1200 K (927 0C), the carbo-
nitride phase consists mainly of TiN (Figure 3.1). From 1200 to 1000 K (727 0C) Nb(C,N) 
precipitates and below 1000 K V(C,N) adds to the volume fraction. With a decrease in 
temperature the carbon content in the carbo-nitride phase increases and the nitrogen content 
decreases, as nitrides precipitate at higher temperatures due to their greater thermodynamic 
stability compared to carbides [115]. In the C-Nb steel the carbo-nitride phase consists mainly 
of NbC, Figure 3.2, since the Ti, V and N contents in this steel are low (Table 2.1). In the     
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C-Nb-V steel the carbo-nitride phase from the start of solidification down to 1300 K (1026 0C) 
consists of TiN, NbN and NbC (Figure 3.3). Below this temperature VC starts precipitating 
and adds to the volume fraction. Higher precipitation start temperatures of NbC in the C-Nb 
steel and VC in the C-Nb-V steel, compared to the C-Mn steel, can be explained by the higher 
microalloying element content. 
In the C-Mn steel the total volume fraction of (Ti,Nb,V)(C,N) phase was calculated as 
being f = 6.5⋅10-5 at a temperature 500 K (227 0C). In the C-Nb steel the volume fraction of 
NbC was calculated to be f = 0.000365 (Table 3.2). 
In the C-Nb-V steel the volume fraction of the Nb-Ti-rich precipitates was calculated 
separately from that of the V-rich ones. It was assumed that Nb-Ti-rich particles fully precipitate 
above 1275 K (1002 0C) because the equilibrium carbo-nitride phase mole fraction curve slope 
changes at this temperature (Figure 3.3, a). The volume fraction of Nb-Ti-rich precipitates was 
calculated to be f(Ti,Nb)(C,N) = 0.000345 and the volume fraction of V-rich particles to be fV(C,N) = 
0.0011. However, the mole fraction slope change at 1275 K indicates that the V-rich particle 
precipitation starts and not that the Nb-Ti-rich particle precipitation finishes. So, the calculation 
may underestimate the Nb-Ti-rich particle volume fraction and overestimate the V-rich particle 
volume fraction. As seen from Table 3.2, a larger content of microalloying elements in the steel 
leads to a larger volume fraction of the carbo-nitride phase in the solid state. 
 
Table 3.2 Predicted equilibrium precipitation finish temperatures (Tppt) and volume fraction (f) 
of carbo-nitrides at 500 K for the C-Mn and C-Nb steels, and at 800 K for the C-
Nb-V steel 
Ti-rich Nb-rich V-rich 
Steel 
Tppt (°C) f Tppt (°C) f Tppt (°C) f 
C-Mn 852 0.000019 714 0.000012 327 0.000034 
C-Nb - - 680 0.000365 - - 
C-Nb-V 1127 0.000040 851 0.000305 527 0.0011 
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3.2 Ferrite grain size distributions 
a b c  
Figure 3.4 Optical micrographs of the (a) C-Mn, (b) C-Nb and (c) C-Nb-V steels 
across thickness in the plane parallel to the rolling direction 
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The microstructure of the three as-rolled steel plates consists of two phases: ferrite and pearlite 
(Figure 3.4). The amount of pearlite increases towards the mid-thickness of the plates due to 
segregation of carbon (and other elements) during solidification. A decrease in pearlite content 
from the C-Mn to the C-Nb and to the C-Nb-V steel corresponds to the carbon content decrease in 
the steel composition. In the plane parallel to the rolling direction the ferrite and pearlite grains are 
banded along the rolling direction. It is more distinctly visible in the centreline of the C-Mn and 
C-Nb steel plates, where complete second phase bands can be observed (Figure 3.4, a, b).  
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Figure 3.5 Grain diameter frequency and grain area distributions  
across plate thickness in the C-Mn steel 
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As the ferrite grain aspect ratio was in the range of 0.8 - 0.85, the grain size was assessed 
as an equivalent grain diameter (Figures 3.5 - 3.7). The grain area, automatically measured 
with the computer software using digital images of the microstructure, was accepted being 
equal to the area of the circular grain. Thus the grain diameter, d, was calculated as follows: 
π= A4d , 
where A is the measured grain area. 
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Figure 3.6 Grain diameter frequency and grain area distributions  
across plate thickness in the C-Nb steel 
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Figure 3.7 Grain diameter frequency and grain area distributions  
across plate thickness in the C-Nb-V steel 
 
The average through thickness grain diameter was calculated using grain number 
frequency distributions as 4.8 μm in the C-Mn steel, 2.6 μm in the C-Nb steel and 2.3 μm in 
the C-Nb-V steel (Figures 3.5-3.8). The grain size decreases from the C-Mn to the alloyed 
steels, due to the Zener drag effect and precipitation increase with an increase in 
microalloying element content. As alloying element content increases, as from the C-Mn to 
the C-Nb and C-Nb-V steels, a corresponding increase in the number density of the carbo-
nitride precipitates occurs. The particles, pinning the grain boundaries during hot rolling, 
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prevent recrystallisation and grain growth. Thus the grain size is refined. Some contribution to 
the grain size refinement may come from a difference in finish rolling temperature. According to 
the data provided by Corus, the finish rolling temperature decreased from 770 0C for the C-Mn 
to 745 0C for the C-Nb and to 735 0C for the C-Nb-V steel. With a decrease in finish rolling 
temperature and increase in the recrystallisation stop temperature (due to microalloying) there 
is a large amount of deformation stored in the austenite grains leading to increased ferrite 
nucleation sites and hence smaller ferrite grain size.  
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Figure 3.8 Grain diameter distributions across plate thickness (as a fraction of total 
thickness) for the (a) C-Mn, (b) C-Nb and (c) C-Nb-V steels 
 
The ferrite grain size distribution across plate thickness, Figure 3.8, shows a maximum at 
the mid-thickness of the plates. This can be explained by several factors influencing the grain 
size distribution: initial distribution in the slab after solidification; temperature and strain 
gradient across thickness during rolling; and segregation of microalloying elements leading to 
the inhomogeneous precipitation of carbonitrides. 
Previous investigations of grain size distribution in as-cast slabs of niobium and niobium-
vanadium alloyed steels showed an increase in the ferrite grain size from the slab sub-surface 
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to the mid-thickness [150]. This was explained by the difference in cooling rates: the slab sub-
surface areas experience faster cooling during solidification than the mid-thickness areas. 
During rolling the plate sub-surface regions experience a lower temperature deformation, 
compared to the mid-thickness, due to plate surface contact with the rolls and roll cooling 
liquids. This may retard recrystallisation and lead to the grain size decreasing in the sub-
surface areas of the plates. 
Strain distribution during plate rolling may have a minimum or a maximum at the plate 
mid-thickness; depending on the deformation zone geometry (roll diameter to plate thickness 
ratio), deformation in each stand (per pass for reversing mills), conditions of friction on the 
contact roll-plate. For the studied steels the technological information is scarce and direct 
assessment of strain distribution using the rolling parameters is impossible. However, the 
dislocation density measurements, described in section 3.8, show an increase in dislocation 
density towards the plate mid-thickness. This supports the strain increasing towards the plate 
mid-thickness and, thus, a tendency for the grain size decreasing towards the plate mid-
thickness.  
In the alloyed steels the precipitation of Nb- and Nb-Ti-rich carbonitrides greatly 
contributes to the grain size refinement: with an increase in particle number density the grain 
size decreases. The Nb-Ti-rich particle precipitation study, described in section 3.6, shows an 
increase in the particle number density from the mid-thickness ferrite to the sub-surface ferrite. 
This corresponds to the ferrite grain size decreasing towards the plate sub-surface. 
As can be seen, the grain size distribution in as-cast slabs, temperature gradient during 
rolling and particle distribution in the C-Nb and C-Nb-V steels result in the grain size 
decreasing towards the plate sub-surface. 
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3.3 Second phase content  
 
The amount of the second phase (assumed to be pearlite percent) in the C-Mn steel was 
measured as being in the range 13 – 17 %, in the C-Nb steel 6 - 13 % and in the C-Nb-V steel 
2 - 7% (Figure 3.9). The pearlite content decreases from the C-Mn to the C-Nb and to the C-
Nb-V steel corresponding to the steel chemistries, i.e. a decrease in carbon content leads to 
the pearlite percent decrease. The pearlite distributions across the plate thickness show a 
maximum at the mid-thickness of the plates, which can be explained by carbon 
macrosegregation. 
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Figure 3.9 Pearlite content distributions (maximum and minimum values) across plate 
thickness for the as-rolled (a) C-Mn, (b) C-Nb and (c) C-Nb-V steels 
 
The average measured data for pearlite percent corresponds reasonably well to the 
Thermo-Calc calculated value in the C-Mn steel (Table 3.3). In the alloyed steels the Thermo-
Calc calculations show higher than measured average values of pearlite percent. A decreased 
measured value could be explained, if due to the faster cooling conditions not all the 
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cementite contributed to pearlite formation, as in steels with spheroidised Fe3C morphology 
[46], or some carbon was left dissolved in the ferrite matrix, as in strain-aged steels [4]. After 
annealing at 550 0C for 30 min the pearlite content in the C-Nb steel increased to 10.9 % 
average value, from 9.7 % in the as-rolled steel, and in the C-Nb-V steel increased to 5.6 %, 
from 4.7 % in the as-rolled steel, which is closer to the predicted value for the equilibrium 
cooling conditions (Figure 3.10). 
 
Table 3.3 Measured and calculated data for pearlite content, % 
Measured 
centre sub-surface Steel grade 
min max av min max av 
Total 
average 
Thermo-
Calc  
C-Mn 15.7 16.9 16.3 13.5 15.4 14.5 15.4 15.0 
C-Nb 11.6 13.2 12.4 6.4 7.6 7.0 9.7 12.1 
C-Nb-V 6.0 6.8 6.4 2.2 3.8 3.0 4.7 6.5 
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Figure 3.10 Pearlite content distributions across plate thickness for the annealed  
(a) C-Nb and (b) C-Nb-V steels (plotted with the as-rolled for comparison) 
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3.4 Mn-, Al- and Si-rich phases (optical and SEM analysis) 
 
Optical and SEM analysis of the microstructures revealed the presence of Mn-, Al- and Si-
rich inclusions (Figure 3.11, a-c).  
a b c  
d  e    
f  g  
h  
 
Figure 3.11 Typical optical micrographs of non-etched plate centreline area in the (a) C-Mn 
(showing locations of images (d) and (e)), (b) C-Nb and (c) C-Nb-V steels; SEM images of (d) 
MnS and (e) Al2O3 particles; EDX spectrum (f) from point 1 on (d) – MnS particle,  
(g) from point 1 on (e) – Al2O3 particle, and (h) from point 2 on (e) – the ferrite matrix 
 d 
  e 
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MnS particles were present in greater amounts in the C-Mn steel compared to the C-Nb steel, 
due to the higher sulphur content in the C-Mn steel. In the C-Nb-V steel MnS particles were not 
observed, which can be related to the very low sulphur content in this steel. MnS particles in the 
mid-thickness area of the C-Mn and C-Nb plate steels were observed in the form of thin bands 
elongated in the rolling direction (Figure 3.11, d, f). MnS particles in the C-Mn steel greater than 
200 μm in length were observed, though in the C-Nb steel they were no longer than 100 μm.  
a  b  
c  d 
 
S Mn 
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 f 
 
 
Figure 3.12 Typical (a) SEM image and (b) EDX spectra of a complex SiO2 + MnS particle; 
typical (c) SEM image and (d) EDX spectra of a complex Al2O3 + MnS particle; 
(e) a Al-rich particle with (f) a CaS particle attached to it 
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Spherical Al2O3 particles were found randomly distributed through the volume in all the 
three steels (Figure 3.11, e, g). The Al2O3 diameter was measured to be in the range 1 - 6 μm. 
Some complex (Mn,Si,Al)-rich particles were also observed. Thus at the C-Nb steel mid-
thickness position 9 μm SiO2+MnS particles were found aligned with their longer axis 
parallel to the rolling direction, Figure 3.12, a, b, and in the C-Nb-V steel Al2O3+MnS 
particles of up to 14 μm diameter were present, Figure 3.12, c, d. In the C-Nb-V steel, instead 
of MnS particles, CaS particles of about 2 μm diameter were observed (Figure 3.12, e, f). 
 
3.5 Alloying element content distribution  
 
To assess the solid solution strengthening level in the steels the Mn and Si contents were 
studied across the plate thickness for the C-Nb and C-Nb-V steels. Average values obtained 
by SEM-EDS, Figure 3.13, show a good agreement between measured Mn and Si contents 
and the steel compositions provided by Corus (Table 2.1). Quantitative area EDS shows a 
slight increase in the silicon content from the plate sub-surface to the mid-thickness position, 
by 0.02 wt % in the C-Nb and 0.08 wt % in the C-Nb-V steel, which can be disregarded as 
being within the experimental scatter of 0.15 - 0.25 wt %. No significant difference in the 
manganese content across plate thickness was identified in either steel. 
Investigation of the microalloying element distributions across plate thickness in the C-Nb-V 
steel showed the average EDS measured value to be higher than provided data, 0.008 wt% for the 
Nb content and 0.017 wt% for the V content, Figure 3.14, which is a good agreement as the 
experimental scatter is 0.04 wt%. No change in vanadium content across plate thickness was 
observed. The Nb content was found to be 0.008 wt% higher in pearlite than in ferrite, which 
is within the experimental scatter, and about 0.05 wt% higher at the mid-thickness than at the 
sub-surface. This is due to segregation of Nb during solidification between dendrite centres 
 118
 
 
and interdendritic areas, which was previously reported for steels with similar chemistries 
[151]. Qualitatively the Nb content increase towards the plate mid-thickness corresponds to 
the measured values of Nb-rich particle volume fraction, described below in section 3.6. 
a  
b  
Figure 3.13 Mn and Si content distributions across plate thickness  
in the (a) C-Nb and (b) C-Nb-V steels 
 
 
Figure 3.14 Nb and V content distributions across plate thickness in the C-Nb-V steel 
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3.6 Ti-Nb-rich phases (SEM analysis) 
 
Precipitation at high temperatures (above A3) results in particles of microalloying elements 
that pin the austenite grain boundaries retarding recrystallisation, leading to a decrease in ferrite 
grain size. Precipitation at lower temperature (between A3 and A1 or below A1) results in 
particles that block the dislocation motion during deformation. Thus in alloyed steels 
carbonitride particles play a significant role in mechanical property behaviour, either by grain 
refinement or precipitation strengthening mechanisms. Quantitative influence of particles on 
strength depends on their chemistry, size, number density and distribution in the matrix. In the 
microalloyed steels studied the carbonitride particles were imaged and analysed using SEM and 
TEM combined with EDS. Results from these analyses are presented below. This data will be 
used for prediction of the mechanical properties of steels, presented in section 3.10. 
 
Particle morphology, distribution and chemistry 
High resolution SEM of polished and slightly etched samples, cut from the C-Nb and C-
Nb-V steel plates, revealed precipitates of 20-220 nm in size (Figures 3.15, 3.16). Mainly the 
particles were of a rounded or ellipsoid shape (in the micrograph plane), although near-
cuboidal particles of up to 330 nm in size were also observed occasionally. The distribution of 
the particles is not uniform: pearlite regions exhibit larger particle sizes and number densities 
compared to ferrite regions. In both steels larger particles and a higher number density were 
observed in the plate mid-thickness pearlite regions compared to the sub-surface pearlite 
regions. However, ferrite regions showed the opposite distribution across plate thickness, with 
particle number density in the mid-thickness ferrite being lower than in the sub-surface ferrite. 
Larger precipitates were observed along the ferrite/ferrite grain boundaries and smaller ones 
in the centre of the ferrite grains.  
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a  b  
c  d  
Figure  3.15 Typical SEM images from the C-Nb steel: a – sub-surface ferrite region, b - sub-
surface pearlite region, c – centre ferrite region, d - centre pearlite region 
 
a  b  
c  d  
Figure 3.16 Typical SEM images from the C-Nb-V steel: a – sub-surface ferrite region,  
b - sub-surface pearlite region, c – centre ferrite region, d - centre pearlite region 
(The pearlite regions are taken to include the adjacent ferrite grains and are not just the 
pearlite colonies) 
ferrite 
pearlit
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a   
b   
c    
d   
 
Figure 3.17 Typical SEM images and EDS spectra of the particles present in the  
C-Nb and C-Nb-V steels: a - Nb-rich, b – Nb-Ti-rich, c – SiO2; d – typical spectrum of the 
ferrite matrix 
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To determine particle chemistry, and assess any size-composition relationships, 48 
particles in the C-Nb steel and 58 particles in the C-Nb-V steel were analysed by SEM-EDS 
(Figure 3.17, Tables 3.4, 3.5). Several different types of particles were identified: Nb-rich 
(carbonitrides), Nb-Ti-rich (carbonitrides), Si- and Al-rich oxides. V-containing particles 
were not observed in the C-Nb steel as the vanadium content in this steel is very low (0.001 
wt %). The low number of V-rich particles observed in the C-Nb-V steel can be explained by 
their expected small size, below 30 nm, which is difficult to detect with SEM imaging. The 
analysed particles were separated into three size groups: less than 50 nm, 50 – 100 nm, more 
than 100 nm. The majority of the Nb-Ti-rich particles, namely 97% in the C-Nb and 90% in 
the C-Nb-V steel, fall into the > 50 nm diameter range. There were few particles less than 50 
nm in diameter (3/48 in the C-Nb steel and 10/58 in the C-Nb-V steel) and the majority of 
these are Si-rich. Therefore, when calculating the volume fraction and number density of the 
Nb-Ti-rich particles only > 50 nm particles were considered. Smaller than 50 nm particles 
were quantified with TEM (see section 3.7) 
 
Table 3.4 Size and chemistry of the particles analysed by SEM-EDS in the C-Nb steel 
particle size, 
nm 
elements present 
(except Fe) number total number 
microalloy 
presence, % 
< 50 
Nb 
Si 
1 
2 
3 30 
50 – 100 
Nb 
Nb, Al, O 
Si, 
Si, O 
Ti 
9 
1 
2 
1 
1 
14 78 
> 100 
Nb 
Nb, Si 
Si, O 
Si, Al, O 
28 
1 
1 
1 
31 94 
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Table 3.5 Size and chemistry of the particles analysed by SEM-EDS in the C-Nb-V steel 
particles 
size, nm 
elements present 
(except Fe) number total number 
microalloy 
presence, % 
< 50 
V 
Nb 
Si 
1 
4 
5 
10 50 
50 – 100 
Nb 
Nb, Ti 
Nb, Si 
Si 
Ti 
23 
4 
2 
3 
1 
33 91 
> 100 
Nb 
Nb, Ti 
10 
5 
15 100 
 
Particle size, volume fraction and number density 
Measurements of the Nb-Ti-rich particle characteristics were made separately for the 
ferrite and pearlite (including adjacent ferrite) regions at the sub-surface and mid-thickness 
positions, as it is known that microsegregation occurs in Nb-microalloyed plate steels [95], 
and clear differences in number densities were observed during SEM analysis (Figures 3.15, 
3.16). In the C-Nb steel ferrite and pearlite bands were easily distinguished (Figure 3.18,a). In 
the sub-surface area of the C-Nb-V steel whilst the pearlite percent is less than 2.5 %, it is 
possible to identify regions without pearlite and regions containing a higher pearlite fraction 
as shown in Figure 3.18,b. As a ferrite band is approximately two times broader than a pearlite 
band, the average plate sub-surface and mid-thickness values of the precipitate characteristics 
were calculated as follows: 
Average = (1 x In-pearlite + 2 x In-ferrite) / 3. 
For the large number of particles measured in this work, 630 particles in the C-Nb steel and 
1064 particles in the C-Nb-V steel, area fraction can be considered equal to the volume fraction 
and compared to the Thermo-Calc theoretical prediction for the carbonitride phase. 
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Figure 3.18 Sub-surface area micrographs for the (a) C-Nb and (b) C-Nb-V steels showing the 
ferrite and pearlite regions 
 
Qualitative analysis of the particle diameter distributions, Figure 3.19 and 3.20, shows that 
for both steels there is an increase in diameter in the pearlite regions compared to the ferrite 
regions, which is due to the C and Nb microsegregation. The mid-thickness pearlite regions 
exhibit a larger particle diameter and a broader minimum to maximum diameter range, 
compared to the sub-surface pearlite areas. This is due to macrosegregation of C and Nb 
during solidification, and the slower cooling rates at the mid-thickness resulting in particle 
growth (along with earlier nucleation giving greater time for growth). 
Quantitative analysis, Table 3.6, shows that for both steels the particle volume fraction 
and number density is higher in the pearlite regions compared to the ferrite regions. In the C-
Nb steel the particle volume fraction and number density is higher at the plate mid-thickness 
than at the sub-surface. However, in the C-Nb-V steel this trend was not observed: the particle 
volume fraction increases insignificantly and the number density decreases towards the mid-
thickness. With an increase in microalloying element content, from the C-Nb to the C-Nb-V 
steel, the particle volume fraction and number density increases. However, the average 
particle diameter is lower in the C-Nb-V than in the C-Nb steel. This can be explained by a 
higher level of strain-induced precipitation in the C-Nb-V steel, due to a higher dislocation 
density in the C-Nb-V compared to the C-Nb steel (see section 3.8). 
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Figure 3.19 Histograms of the Nb-Ti-rich particle diameters in the (a) sub-surface ferrite,  
(b) sub-surface pearlite, (c) mid-thickness ferrite and (d) mid-thickness pearlite regions of the 
C-Nb steel 
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Figure 3.20 Histograms of the Nb-Ti-rich particle diameters in the (a) sub-surface ferrite,  
(b) sub-surface pearlite, (c) mid-thickness ferrite and (d) mid-thickness pearlite regions of the 
C-Nb-V steel 
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Table 3.6 Larger than 50 nm Nb-Ti-rich particle characteristics measured with SEM 
average 
diameter, nm volume fraction 
number density, 
μm-3 
C-Nb C-Nb-V area of precipitation C-Nb C-Nb-V *fTC = 0.000365 
*fTC-NbTi = 0.000345 
*fTC = 0.001445 
C-Nb C-Nb-V 
ferrite 88 67 4.4⋅10-5 0.000372 0.12 2.36sub- 
surface pearlite 90 
89 
71 
68 
9.7⋅10-5 6⋅10
-5
0.000476
4.07⋅10-4 
0.25 
0.16
2.54
2.42
ferrite 132 58 6.7⋅10-5 0.000165 0.06 1.61mid-
thickness pearlite 128 
131
88 
68 
0.001325
5⋅10-4
0.000937
4.22⋅10-4 
1.21 
0.44
2.63
1.95
*fTC – total particle volume fraction calculated with Thermo-Calc 
*fTC-NbTi – NbTi-rich particle volume fraction calculated with Thermo-Calc 
 
The average through-thickness particle volume fraction in the C-Nb steel was measured to be 
f = 0.000280, which is in reasonably good agreement with the Thermo-Calc calculation, namely 
fTC = 0.000365. A lower measured than calculated value, by 23 %, can be explained by the 
particles with diameters < 50 nm not being included in the analysis of the experimental data. The 
average volume fraction in the C-Nb-V steel was measured to be f = 0.000414, which is 17 % 
higher than the Thermo-Calc calculated value for the Nb-Ti-rich particles, i.e fTC-NbTi = 0.000345, 
and 3.5 times lower than the total volume fraction of the carbonitride phase, i.e. fTC-Σ = 0.001445. 
A higher measured value for the Nb-Ti-rich particles can be explained by an underestimation of 
the Nb-Ti-rich particle volume fraction during the thermodynamic calculations. In the calculation 
the Nb-rich particle precipitation stop temperature was set as the V-rich particle precipitation 
start temperature. However, V precipitation start does not mean Nb precipitation finish, as Nb 
continues to precipitate, together with V, and adds to the Nb-rich particle volume fraction. If Nb 
precipitated on other particles, such as Si and Al oxides, it would also add to the Nb-rich particle 
diameter leading to an increased measured particle volume fraction.  
A lower measured value than calculated for the total carbonitride phase volume fraction 
can be explained by V-rich particles not being included as they are expected to be below the 
SEM resolution limit. These particles were assessed by TEM. 
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3.7 Nb-, V- and Cu-rich phases (TEM analysis) 
 
TEM investigation of the microalloying element precipitates was carried out for the as-
rolled and annealed C-Nb and C-Nb-V steels. The annealing schedule (400 0C and 550 0C for 
30 min.) was chosen to modify the dislocation density and particle distributions to examine their 
influence on the mechanical property change during cold deformation. Nb-Ti-rich particle 
distributions in both steels were not affected by the annealing schedules, which is consistent 
with the behaviour predicted by Thermo-Calc with (Nb,Ti)(C,N) being stable below 680 0C 
(Table 3.2). However, in the C-Nb-V steel, alloyed with V and Cu, substantial particle growth 
was observed after annealing, hence the TEM particle study concentrated on this steel grade. 
 
C-Nb steel 
Thin foil TEM of the C-Nb steel revealed widely dispersed Nb-rich particles of 6 – 50 nm 
size (Figure 3.21). They had a rounded or ellipsoid shape (in 2D) and were distributed 
throughout the ferrite grains far from the grain boundaries. The volume fraction of the particles 
smaller than 50 nm was measured to be f = 0.000117. When added to the SEM measured 
volume fraction, i.e. 0.000280, the total measured volume fraction of the Nb-Ti-rich particles is 
0.000397, which shows a good agreement with the Thermo-Calc predicted value 0.000365.  
a  b  
Figure 3.21 Selected TEM images from the C-Nb steel plate mid-thickness showing Nb-rich 
particles: (a) as-rolled and (b) annealed at 550 0C for 30 min.  
(images are defocused to improve contrast) 
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C-Nb-V steel 
Particle morphology, distribution and chemistry 
Particle imaging, measurements and chemical analysis for the C-Nb-V steel in the as-
rolled and annealed conditions were made separately for the plate sub-surface and mid-
thickness areas. It was observed that there was an increase in the particle number density in 
the ferrite close to the pearlite colonies. Precipitates were observed in the size range of 4 – 
100 nm. For analysis the particles were characterised into two groups, < 50 nm and > 50 nm. 
In the < 50 nm size range the particles have a close to round shape and are uniformly 
distributed through the sample volume. With an increase in annealing temperature these 
particles show significant growth at the mid-thickness position (Figure 3.22). At the sub-
surface the particle diameter change with annealing is not significant, although there is an 
increase in particle number density (Figure 3.23). In the > 50 nm size range the particles were 
of a rounded or ellipsoid shape and separated by a relatively large distance from each other. 
Annealing at up to 550 0C did not affect the particle diameter in this size range.  
TEM-EDS of the particles revealed them to be of the following chemistries: CuS, NbCuS, 
NbTiCuS, NbTiVCu-, Nb-, NbV-, NbTiV-rich, Figure 3.24, which were divided into two 
groups: Cu-rich and NbTiV-rich.  
In the as-rolled steel particles smaller than 50 nm were mainly Cu-rich at the mid-
thickness position and NbTiV-rich at the sub-surface position (Table 3.7). In the > 50 nm size 
range Cu-rich particles were not observed.  
With annealing the Cu-rich particle percentage at the mid-thickness position was found to 
decrease in the < 50 nm size range and increase in the > 50 nm size range. At the sub-surface 
position annealing leads to an increase in the Cu-rich particle percentage in both size ranges, 
due to precipitation of new CuS particles in the < 50 nm size range and Cu precipitation on 
top of the existing NbTiV-rich particles in the > 50 nm size range, along with some CuS 
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particle growth. This corresponds to earlier reports of Cu precipitation during annealing 
temperatures of 450-500 0C depending on time [108, 109]. 
a     b   
c  
Figure 3.22 Typical TEM images from the C-Nb-V steel plate mid-thickness:  
(a) as-rolled, (b) annealed at 400 0C for 30 min and (c) annealed at 550 0C for 30 min  
 
a  b  
Figure 3.23 Typical TEM images from the C-Nb-V steel plate sub-surface area:  
(a) as-rolled, (b) annealed at 550 0C for 30 min 
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a  
b  
c  
d  
 
Figure 3.24 Typical TEM images and EDS spectra of (a) CuS, (b) NbTiVCu-rich,  
(c) NbV-rich and (d) NbTiV-rich particles in the C-Nb-V steel 
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Table 3.7 Size and chemistry of the particles analysed by TEM-EDS in the C-Nb-V steel 
elements 
(apart from Fe) amount 
number 
percentage 
elements 
(apart from Fe) amount 
number 
percentage 
Mid-thickness Sub-surface 
size 
range 
As-rolled 
< 50 nm 
CuS 
CuSCa 
V 
31 
2 
1 
97 % 
Cu-rich 
3 % 
NbTiV-rich
NbTiVCu 
Nb 
NbV, Si 
NbTi, Si 
NbTiV, Si 
2 
2 
1 
5 
4 
14 % 
Cu-rich 
86 % 
NbTiV-rich
50 nm < Nb 2 
100% 
NbTiV-rich
Nb 1 
100% 
NbTiV-rich
Annealed 400 0C for 30 min 
< 50 nm 
CuS 
CuSNb 
CuSNbV 
V 
NbV 
1 
6 
10 
2 
2 
81 % 
Cu-rich 
19 % 
NbTiV-rich
   
50 nm < 
TiNbV 3 100% 
NbTiV-rich
   
Annealed 550 0C for 30 min 
< 50 nm 
CuS 
CuSSi 
CuSNb 
CuSCaTi 
CuSNbV 
V 
Nb 
NbV 
7 
3 
2 
1 
2 
1 
2 
2 
75 % 
Cu-rich 
 
25 % 
NbTiV-rich
CuS 
CuSNb 
CuNbV 
NbTiVCu 
Nb 
NbV 
NbTiV 
1 
4 
1 
4 
1 
1 
2 
71 % 
Cu-rich 
 
29 % 
NbTiV-rich
50 nm < 
CuNbTi 
Nb 
NbTi 
NbTiV 
1 
2 
1 
4 
12 % 
Cu-rich 
88 % 
NbTiV-rich
CuSNbV 
NbTiVCu 
Nb 
NbTi 
NbTiV 
1 
3 
1 
1 
7 
31 % 
Cu-rich 
69 % 
NbTiV-rich
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Particle size, volume fraction and number density 
Particles larger than 50 nm were quantified using SEM, so during the TEM studies these 
particles were excluded from the diameter distributions (Figures 3.25). The Cu-containing and 
Cu-free particles were quantified together (Table 3.8). Annealing at 550 0C for 30 min. did not 
result in a significant diameter distribution change at the sub-surface position, Figure 3.25, a, as 
particles in this area are mainly NbTiV-rich and the annealing temperature is not high enough 
to cause growth. At the mid-thickness position there is a significantly shift to higher diameters 
with an increase in annealing temperature, Figure 3.25, b, which is due to Cu-rich particle 
growth at 550 0C. 
a  
b  
 
Figure 3.25 (Cu+NbTiV)-rich particle diameter distributions at the (a) sub-surface and  
(b) mid-thickness positions of the as-rolled and annealed C-Nb-V steel plate  
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Table 3.8 Smaller than 50 nm (Cu+NbTiV)-rich particle characteristics measured with 
TEM in the C-Nb-V steel 
As-rolled Annealed 400 0C Annealed 550 0C 
Parameter sub-
surface 
mid-
thickness
sub-
surface
mid-
thickness
sub-
surface 
mid-
thickness
predominant 
chemistry 
NbTiV Cu Cu 
NbTiV 
+ Cu 
Cu 
average 
diameter, nm 
8.5 6.2 7.1 7.1 16.3 
volume 
fraction 
0.00166 0.00118 0.00210 0.00125 0.00384 
number 
density, μm-3 1579 3856 
no
t m
ea
su
re
d 
8619 5075 1419 
 
In the as-rolled steel the particle average diameter and volume fraction decreased and 
number density increased toward the plate mid-thickness (Table 3.8). The average particle 
volume fraction in the as-rolled C-Nb-V steel was measured to be 0.00142, which together 
with the SEM measured volume fraction, i.e. 0.000414, gives 0.001834 of total particle 
volume fraction. This is 27 % higher than the Thermo-Calc predicted value of 0.001445, as 
the total measured particle volume fraction includes CuS, (Cu+NbTiV)-rich and NbTiV-rich 
particles, whilst the ThermoCalc calculation reflects only the (Nb,Ti,V)(C,N) volume fraction 
with no CuS as a constituent phase, all the Cu dissolved in the ferrite matrix and only traces 
of Cu in the carbonitride phase.  
After annealing the measured particle volume fraction and the average diameter increase 
at the mid-thickness position, although the particle number density at mid-thickness has its 
maximum at 400 0C and then decreases at 550 0C. This is due to precipitation of new Cu-rich 
particles during the first stages of annealing followed by the particle growth of larger ones via 
dissolution of smaller ones. Particle number density increase and the average diameter 
decrease at the sub-surface position can be related to the new Cu-rich particles that precipitate. 
3.8 Dislocation structures and dislocation density (TEM analysis)  
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The dislocation structure study was carried out for the as-rolled and annealed C-Nb and C-
Nb-V steels at the mid-thickness position. For the dislocation density measurements the same 
samples were used as for the microalloy particle distribution study. Annealing schedules, i.e. 
400 0C and 550 0C for 30 min., and place of measurement, i.e. mid-thickness position, were 
selected to allow correlation of the results to the mechanical properties obtained with 
compression-tension testing. In addition, the dislocation density was measured at the C-Nb-V 
steel sub-surface to correlate to the mechanical property distribution across plate thickness. 
 
TEM thin foil imaging revealed an irregular dislocation structure with uniform dislocation 
density in both steels, Figure 3.26, with a tendency to the cell structure in the C-Nb-V steel, 
Figure 3.26, b. Different ferrite grains exhibited a difference in absolute values of dislocation 
density, Figure 3.27, and apart from the irregular dislocation structure, which is mainly 
observed, areas of regular straight lined structure and dislocation clusters (nets) were also 
present, Figure 3.28. This is consistent with earlier reported data for the two phase ferrite-
pearlite microstructures [17, 22, 23]. As strain increases the dislocation structure develops 
from the straight lined to the irregular and, then, to cluster formation [16, 19], presence of all 
these dislocation structure types in the studied steels supports inhomogeneity of local strain 
experienced by these steels during plate production. Inhomogeneity of local strains is related 
to the difference in phase plasticity [18]. 
In the as-rolled C-Nb steel the dislocations show numerous interactions in the form of knots 
and bundles (Figure 3.29). As in this steel the small (< 50 nm) microalloy precipitates are absent 
and the spacing between the NbC particles is relatively large, the dislocation structures show 
only dislocation-dislocation interactions and no dislocation-particle interactions were observed. 
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In the as-rolled C-Nb-V steel numerous dislocation loops between microalloy particles were 
observed, Figure 3.30, which reflect dislocation-particle interaction during slip. 
a  b  
Figure 3.26 Typical two-beam TEM images of dislocation structure in the (a) C-Nb as-rolled, 
and (b) C-Nb-V as-rolled steel, electron beam direction g = [200] 
a  b  
Figure 3.27 Two-beam TEM micrographs of the dislocation structure in the as-rolled C-Nb-V 
steel with (a) high and (b) low dislocation density, g = [200] 
a b  
Figure 3.28 The regular straight line structure and a dislocation cluster in the (a) C-Nb as-
rolled, g = [200], and (b) a net in the C-Nb-V as-rolled steel, g = [ 011 ] 
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Figure 3.29 Two-beam TEM image of the C-Nb as-rolled steel with a dislocation knot,  
g = [020] 
 
 
Figure 3.30 Multi-beam TEM image of the C-Nb-V as-rolled steel with the dislocation 
looping around a microalloy particle 
 
The average dislocation density was measured to be 2.3 x 1014 m-2 in the C-Nb and 4.0 x 
1014 m-2 in the C-Nb-V as-rolled steels, which agrees with literature data for hot-rolled ferritic 
steels (Table 3.9). Measurements have shown higher values of dislocation density in the C-
Nb-V steel, compared to the C-Nb steel. This can be related to the following factors: 
1. The finish rolling temperature for the C-Nb-V steel, 735 0C, is lower than for the C-Nb steel, 
745 0C. Due to a larger number density of microalloy particles, the recrystallization stop 
temperature in the C-Nb-V steel is likely to be higher. These would lead to a greater rolling 
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reduction below the recrystallization stop temperature and hence a higher dislocation density.  
2. Dislocations, blocked by particles, may become new dislocation sources, in accordance to 
the Frank-Read dislocation generation mechanism [7]. Thus in the C-Nb-V steel it is 
possible to expect a larger number of dislocation sources and, consequently, a larger 
dislocation generation rate. 
 
Table 3.9 Dislocation density in ferrite-pearlite steels, x1014 m-2 
steel condition min max average 
as-rolled 1.9 3.1 2.3 C-Nb 
mid-thickness annealed 5500C 0.8 2.0 1.1 
as-rolled 2.9 5.2 4.0 
annealed 4000C 1.0 2.3 1.6 
C-Nb-V  
mid-thickness 
annealed 5500C 1.0 2.8 1.5 
0.05C-0.14Cu 
[19] 
hot rolled in austenite field 
(positron annihilation) 
0.3, 0.5, 1.0 
depending on technology 
hot rolled (TEM imaging) 0.9 
0.15C [21] 
annealed at 4500C (TEM imaging) 0.1…0.5 
hot rolled (TEM imaging) 2.3 
0.15C-0.1P [21]
annealed at 4500C (TEM imaging) 0.2…0.7 
0.16C-0.01Cu 
[28] 
hot rolled (neutron diffraction) 0.6 
API X80  
 [134] 
TMCR 
0.1…1.0 
in ferrite of ferrite-bainite structure
 
Annealing at 550 0C for 30 min. resulted in the dislocation structure changing. In the C-
Nb steel the number of knots and bundles significantly decreased (Figure 3.31, a). And in the 
C-Nb-V steel the number of dislocation loops decreased (Figure 3.31, b). In both steels the 
straight lined dislocation structure became more frequently observed (Figure 3.31, c, d). With 
annealing, the dislocation density decreased due to annihilation. As a result of annealing at 
550 0C for 30 min. the dislocation density in the C-Nb steel decreased by a factor of 2.1 and 
in the C-Nb-V steel by a factor of 2.7. 
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The dislocation structure investigation at the sub-surface position of the C-Nb-V as-rolled steel 
plate showed the dislocation density to be in the range (0.90…1.65) x 1014 m-2 with an average 
value of 1.22 x 1014 m-2. The dislocation density increase towards the plate mid-thickness by 3.3 
times can be explained if the plate mid-thickness experienced higher strain levels during rolling. 
a  b  
c   d  
Figure 3.31 Typical two-beam TEM images of the dislocation structure in the (a) C-Nb steel 
annealed at 550 0C for 30 min. and (b) C-Nb-V steel annealed at 550 0C for 30 min., g = [ 112 ]; 
selected TEM images of the (c) straight line dislocation structure in the C-Nb annealed and (d) 
C-Nb-V annealed steel, g = [110] 
 
3.9 Dislocation-particle interaction (TEM analysis)  
 
Dislocation-particle interaction is the source of precipitation strengthening, which plays a 
significant role in the microalloyed steel property development. Existing theoretical 
descriptions of mechanical property change during unidirectional deformation work 
reasonably well for the experimental conditions for which they were developed [71], but may 
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give an inaccurate result for other conditions (different chemistry, particle distributions, 
dislocation density). Mechanical property dependence on particles and dislocations during 
reverse cold deformation is known only qualitatively, through the Orowan theory for the 
Bauschinger effect, but no quantitative description exists so far. Thus, quantitative data for 
dislocation-particle interaction are needed: first – for the development of mechanical property 
changes during reverse deformation, and second – for possible incorporation into existing 
relationships for unidirectional deformation. 
 
Interaction mechanism 
A moving dislocation can bypass particles in two ways: either by cutting the particles or 
looping between them, depending on which process requires less energy. TEM imaging in the 
present work revealed no circular dislocations around the by-passed particles, which supports 
the non-occurrence of the looping mechanism in the studied steels. The cutting mechanism 
was observed over the whole particle diameter range (Figure 3.32). However, at the earlier 
stages of contact the dislocation is bowing between particles (around a particle) until the 
energy of loop curvature starts to exceed the energy needed for cutting, and then cutting 
proceeds with a constant or decreasing dislocation line curvature (Figure 3.33). 
 
Figure 3.32 Dislocation interaction with a NbTiV-rich particle in the C-Nb-V as-rolled steel 
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Figure 3.33 Dislocation-particle interaction mechanism observed in the present work 
 
Obviously, with an increase in particle number density and dislocation density the number 
of potential dislocation-particle interaction sites will increase. However, there are several 
aspects that will influence the quantitative outcome of this interaction with respect to the 
mechanical properties: 
 “Small” particles do not produce a strong barrier for the moving dislocation and thus do not 
contribute significantly to the strengthening effect. The effective particle diameter (a 
minimum diameter which blocks dislocations “effectively”) is discussed in this section below; 
 Particle strength varies with particle chemistry, as interatomic bonds vary with element type. 
So, the effective particle diameter will be dependent on particle chemistry; 
 The number of dislocation-particle interactions will depend on the “dislocation length – 
interparticle spacing” ratio. Short dislocations may pass between widely set particles 
without any interaction. 
 
Quantitative analysis of interaction 
In the C-Nb and C-Nb-V steels the NbTiV-rich particles were all larger than 50 nm and were 
observed to effectively block the dislocations, i.e. dislocation bowing around the particles prior to 
cutting was observed (Figure 3.32). Particles smaller than 50 nm were predominantly Cu-rich in 
 142
 
 
the C-Nb-V steel. So in the present work, a minimum value of the effective particle diameter was 
studied only for the Cu-rich particles. Analysis of 45 dislocation-particle interaction sites showed 
the minimum effective particle diameter to be 12 nm (Figure 3.34). This means that Cu-rich 
particles smaller than 12 nm do not effectively pin the moving dislocations and can be disregarded 
during analysis of the particle distribution influence on mechanical properties.  
a  b  c  
Figure 3.34 Dislocation-particle interaction sites for the smallest particles observed in the  
C-Nb-V annealed steel: (a) 8 nm and (b) 10 nm particles do not block the dislocation, (c) 12 
nm particle blocks the dislocation 
 
If a dislocation interacts with an ellipsoidal particle the interaction result will depend on 
which side of the particle is approached by the dislocation. If the short axis of the ellipsoidal 
particle is smaller than the effective particle diameter this particle may not block a dislocation, if a 
dislocation line interacts with the short axis (Figure 3.35, a). On the other hand, a dislocation 
approaching the particle may be blocked, if the interaction length is along the ellipsoid long 
axis and this is larger than the minimum effective particle diameter (Figure 3.35, b).  
a  b  
Figure 3.35 Dislocation interaction with ellipsoid particles: a particle is approached by a 
dislocation along the (a) long and (b) short ellipsoid axis  
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The interparticle spacing in the plane of the micrograph can be theoretically assessed 
assuming a particle homogeneous distribution, which implies equal particle diameter and 
interparticle spacing (Figure 3.36). The shaded area, on Figure 3.36, can be calculated as follows: 
Ad
2
sd4
2
s4 2
2
=++⎟⎠
⎞⎜⎝
⎛ , 
where d – particle diameter, s – interparticle spacing 
Total area of the micrograph AΣ will be: 
AΣ = N⋅A, 
where N is the number of particles; 
or after substitution of A 
2
2
Nd
2
sd4N
2
s4NA ++⎟⎠
⎞⎜⎝
⎛=Σ , 
One of the solutions gives the interparticle spacing, s, as follows: 
d
N
As −= Σ . 
 
Figure 3.36 Schematic diagram of the particle homogeneous distribution 
 
Using the SEM experimental data, Table 3.6, for the larger than 50 nm particles, the 
interparticle spacing was calculated to be 15.2 μm in the C-Nb steel and 4.0 μm in the C-Nb-V 
steel. As the average dislocation length, 0.90 μm in the C-Nb and 0.47 μm in the C-Nb-V 
 144
 
 
steel (measured in the plane of TEM micrographs), is several times smaller than the 
interparticle spacing, moving dislocations may pass between the > 50 nm particles without 
interaction. However, measurements of the dislocation length did not take into account an 
angle between dislocation lines and the plane of the micrograph. This results in a decreased 
average value of the dislocation length. Regarding a possibility of dislocation-particle 
interaction above and below the micrograph plane, occasionally observed dislocation 
interaction sites with the > 50 nm particles might be considered as weak sources of 
precipitation strengthening. However, inaccuracy in the dislocation length determination in 
the present project should be eliminated in the future work. 
In the < 50 nm size range the particle number density and average interparticle spacing 
depend on steel grade, namely microalloying element content, and annealing schedule (Table 
3.10). Thus, with an increase in microalloying element content the particle number density 
increases and the interparticle spacing decreases. Annealing of the C-Nb-V steel results in the 12-
50 nm particle number density increasing and the interparticle spacing decreasing, which is due to 
precipitation of the Cu-rich particles. The difference between the measured and calculated values 
for the interparticle spacing is likely to be due to calculation assuming the particles are distributed 
homogeneously even though the particle precipitation is inhomogeneous. With annealing the 
particle homogeneity increases, as can be seen from the better agreement between the interparticle 
spacing values and the shift in distribution to lower values (Figure 3.37). The particle number 
density increase, due to alloying or as a result of annealing, leads to a consequent increase in the 
potential number of dislocation-particle interaction sites, presented in the Table 3.10 for one 
dislocation. During deformation a larger number of particles interacting with dislocations will 
provide a stronger dislocation immobilization and strength increase. 
On the basis of the obtained results it is possible to conclude that 12-50 nm diameter Cu-
rich particles are the major sources of precipitation strengthening in the C-Nb-V steel plate 
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mid-thickness. However, particle chemistry, due to its influence on the particle strength, 
should be considered when determining the effective particle size range.  
 
Table 3.10 Dislocation-particle interaction parameters for the 12-50 nm particles at the 
plate mid-thickness 
C-Nb C-Nb-V 
Parameter As-rolled As-rolled Annealed at 400 0C 
Annealed 
at 550 0C 
volume fraction 0.00011 0.00076 0.00126 0.00374 
average diameter, nm 19.7 19.3 15.8 19.0 particle 
number density, μm-3 72 186 262 894 
measured, μm  0.132 0.098 0.071 interparticle 
spacing in the 
micrograph 
plane  
calculated, μm 0.397 0.253 0.203 0.104 
average dislocation length in the 
micrograph plane, μm 0.895 0.468 0.422 0.594 
maximum number of interactions 
per dislocation (according to 
homogeneous particle distribution 
and a used method of the 
dislocation length determination) 
3 
(calculated)
4 5 9 
 
 
Figure 3.37 Measured interparticle spacing frequency distributions for the C-Nb-V steel 
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3.10 Hardness and yield stress dependence on microstructure 
 
Experimental analysis of hardness 
The average ferrite microhardness was measured to be 144±6 HV in the C-Mn, 188±12 HV 
in the C-Nb and 195±10 HV in the C-Nb-V as-rolled steels (Figure 3.38).  
a  
b  
c  
Figure 3.38 The average ferrite microhardness distribution across plate thickness  
for the (a) C-Mn, (b) C-Nb and (c) C-Nb-V steels 
 
In the alloyed steels the ferrite microhardness increases towards the plate sub-surface, by 4.9 
% in the C-Nb and 5.3 % in the C-Nb-V steel, which is consistent with the ferrite grain size 
decrease, by 14 % in the C-Nb and 26 % in the C-Nb-V steel, and 12-50 nm particle number 
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density increase in the C-Nb-V steel by 12 % (Table 3.11). However, in the C-Mn steel this 
trend is not observed, the microhardness value is equal across the plate thickness (within the 
experimental scatter), which can be explained by the small difference in grain size between 
the sub-surface and mid-thickness, 6% in the C-Mn steel. 
 
Table 3.11 Microstructure–hardness correlation for the as-rolled condition of the studied 
steels 
Microstructure parameters HV 
particle number  
density,μm-3 Steel grade grain size, 
μm 
second 
phase, 
pearlite 
% 
50 + 
nm  
< 50 
nm 
12-50 
nm 
dislocation 
density,  
x1014 m-3 m
ic
ro
 
m
ac
ro
 
sub-
surface 
4.7 14.5 - - - 145 172 
C-Mn 
mid-
thickness 
5.0 16.3 - - - 
not 
measured 
143 167 
sub-
surface 
2.4 7.0 0.16 not measured 191 190 
C-Nb 
mid-
thickness 
2.8 12.4 0.44 86 72 2.3 182 193 
sub-
surface 
2.0 3.0 2.42 1579 208 1.2 198 196 
C-Nb-V 
mid-
thickness 
2.7 6.4 1.95 3856 186 4.0 188 209 
 
The average macrohardness was measured to be 170±6 HV in the C-Mn, 192±10 HV in the 
C-Nb and 200±10 HV in the C-Nb-V as-rolled steels (Figure 3.39). In the alloyed steels the 
macrohardness increased towards the plate mid-thickness, by 1.6 % in the C-Nb and 6.6 % in 
the C-Nb-V steels, which is consistent with the second phase (pearlite) content increase, by 1.8 
times in the C-Nb and 2.1 times in the C-Nb-V steel, and the dislocation density increase by 3.3 
times in the C-Nb-V steel. Obviously, strengthening due to the dislocation density increasing is 
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compensated by softening due to the 12 – 50 nm particle number density decreasing and the 
ferrite grain size increasing. In the C-Mn steel the macrohardness decreases towards the plate 
mid-thickness, which can be related to the grain size increase, as the pearlite content difference 
of 12 % is not significant. 
The macrohardness, compared to the ferrite microhardness, is 26 HV higher for the C-Mn, 4 
HV higher for the C-Nb and 5 HV higher for the C-Nb-V steel. A larger microhardness-
macrohardness difference in the C-Mn steel can be explained by the second phase strengthening. 
In the C-Mn steel the second phase (pearlite) content is 1.6 times higher than in the C-Nb and 
3.3 times higher than in the C-Nb-V steel. 
With an increase in microalloying element content, from the C-Mn to the C-Nb and C-Nb-
V steel, the average ferrite microhardness and macrohardness increase due to the grain 
refinement, solid solution and precipitation strengthening, and work-hardening. 
 
Figure 3.39 The average macrohardness distribution across plate thickness 
 
Theoretical and experimental analysis of the yield stress 
To separate the influence of the different strengthening mechanisms in the steels the 
components of the yield stress from the different microstructural features were calculated 
using the relevant theoretical equations.  
The grain refinement effect was assessed with the Hall-Petch equation. In the literature 
[71] it is possible to find different numerical values of the equation coefficients, which apart 
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from the grain refinement may take into account solid solution strengthening. As solid 
solution strengthening was assessed using separate equations, the Hall-Petch equation 
coefficients where chosen for pure iron [3]: 
2/1
gs d4.2115
−⋅+=σ . 
Substitution of the measured grain size will give: 
327 MPa at the sub-surface and 318 MPa at the mid-thickness of the C-Mn steel plate, 
452 MPa at the sub-surface and 419 MPa at the mid-thickness of the C-Nb steel plate, 
489 MPa at the sub-surface and 427 MPa at the mid-thickness of the C-Nb-V steel plate. 
The difference between grain size strengthening and the measured yield stress, Table 3.12, 
comes in the C-Mn steel from solid solution strengthening and work-hardening; and in the 
microalloyed steels from work-hardening, solid solution and precipitation strengthening. 
The Thermo-Calc calculations have shown that 1 % of Mn and 50 % of Si content in the 
C-Mn, 30 % of Mn and 50 % of Si content in the C-Nb and 80 % of Mn and 50 % of Si 
content in the C-Nb-V steel are dissolved in the ferrite matrix. As the strengthening 
coefficient for Mn is 31 MPa/% and for Si is 83 MPa/% [71], the solid solution strengthening 
was calculated as follows: 
in the C-Mn steel 1.09 x 0.01 x 31 + 0.23 x 0.5 x 83 = 10 MPa, 
in the C-Nb steel 1.36 x 0.3 x 31 + 0.37 x 0.5 x 83 = 28 MPa, 
in the C-Nb-V steel 1.47 x 0.8 x 31 + 0.34 x 0.5 x 83 = 51 MPa. 
Work-hardening in the C-Mn steel can be assessed using the macrohardness change during 
annealing (Figure 3.40). If the hardness drop is multiplied by the yield/hardness ratio the 
approximate yield stress drop during annealing can be obtained and related to dislocation 
annihilation: 
at the sub-surface ( ) 34
170
359156172
macroH
YSH
averageV
V
MnC
wh =⋅−=⋅Δ=σΔ −  MPa, 
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at the mid-thickness ( ) 23
170
359156167
macroH
YSH
averageV
V
MnC
wh =⋅−=⋅Δ=σΔ −  MPa. 
 
Figure 3.40 Macrohardness of the C-Mn steel in as-rolled and annealed  
at 330 0C and 550 0C for 30 min conditions 
 
Work-hardening in the microalloyed steels can be assessed using the long range work-
hardening theory: 
ρπ
α=σΔ Gb
2wh
, 
where α = 0.5 – constant, G = 85000 MPa is shear modulus, b = 0.286 nm is Burgers vector 
and ρ is the dislocation density in m-2. 
Dislocation density at the sub-surface position of the C-Nb steel plate was not measured. 
However, the similarity of deformation schedules for the C-Nb and C-Nb-V steel plates [146] 
allows the same ratio between the mid-thickness and sub-surface dislocation densities to be 
assumed for both steels. The calculation gave 0.7 x 1014 m-2 for the dislocation density at the 
C-Nb steel plate sub-surface. Substitution of the dislocation densities, measured with TEM, 
gives the work-hardening increment  
at the C-Nb steel plate sub-surface  
16107.01086.285000
14.32
5.0 1410NbC
wh =⋅⋅⋅⋅⋅⋅=σΔ
−−  MPa, 
at the C-Nb steel plate mid-thickness 
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29103.21086.285000
14.32
5.0 1410NbC
wh =⋅⋅⋅⋅⋅⋅=σΔ
−−  MPa, 
at the C-Nb-V steel plate sub-surface 
21102.11086.285000
14.32
5.0 1410VNbC
wh =⋅⋅⋅⋅⋅⋅=σΔ
−−−  MPa. 
at the C-Nb-V steel plate mid-thickness 
39100.41086.285000
14.32
5.0 1410VNbC
wh =⋅⋅⋅⋅⋅⋅=σΔ
−−−  MPa. 
Precipitation strengthening in the microalloyed steels can be assessed with the Gladman 
equation [71] 
Δσps = ⎟⎟⎠
⎞⎜⎜⎝
⎛
⋅ −410125.6
Xln
X
f8.10 , 
where f is the particle volume fraction and X is the particle diameter in μm. 
Substitution of the larger than 50 nm particle average diameter and volume fraction, 
measured using SEM, gives: 
at the C-Nb steel plate sub-surface  
5
10125.6
089.0ln
089.0
00006.08.10
4
NbC
1ps =⎟⎟⎠
⎞⎜⎜⎝
⎛
⋅=σΔ −
−  MPa, 
at the C-Nb steel plate mid-thickness  
10
10125.6
131.0ln
131.0
0005.08.10
4
NbC
1ps =⎟⎟⎠
⎞⎜⎜⎝
⎛
⋅=σΔ −
−  MPa, 
at the C-Nb-V steel plate sub-surface 
15
10125.6
068.0ln
068.0
000407.08.10
4
VNbC
1ps =⎟⎟⎠
⎞⎜⎜⎝
⎛
⋅=σΔ −
−−  MPa. 
at the C-Nb-V steel plate mid-thickness 
15
10125.6
068.0ln
068.0
000422.08.10
4
VNbC
1ps =⎟⎟⎠
⎞⎜⎜⎝
⎛
⋅=σΔ −
−−  MPa. 
Measurements of the < 50 nm particle volume fraction at the C-Nb steel plate mid-
thickness showed a good agreement with the Thermo-Calc calculated average value of the 
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carbo-nitride phase volume fraction. Based on this a uniform distribution of < 50 nm particles 
across the C-Nb steel plate thickness was assumed. Thus, substitution of the 12 - 50 nm 
particle average diameter and volume fraction, measured using TEM, gives: 
at the C-Nb steel plate sub-surface and mid-thickness 
20
10125.6
0197.0ln
0197.0
00011.08.10
4
NbC
2ps =⎟⎟⎠
⎞⎜⎜⎝
⎛
⋅=σΔ −
−  MPa, 
at the C-Nb-V steel plate sub-surface 
75
10125.6
018.0ln
018.0
00138.08.10
4
VNbC
2ps =⎟⎟⎠
⎞⎜⎜⎝
⎛
⋅=σΔ −
−−  MPa, 
at the C-Nb-V steel plate mid-thickness 
53
10125.6
0193.0ln
0193.0
00076.08.10
4
VNbC
2ps =⎟⎟⎠
⎞⎜⎜⎝
⎛
⋅=σΔ −
−−  MPa. 
As seen from the Table 3.12, theoretical values of the yield stress, calculated on the basis 
of the measured microstructure characteristics, give a reasonably good correspondence with 
the measured values of the yield stress, which indicates that the main contributing factors to 
strength are being considered. However, a discrepancy between the calculated and measured 
values of the yield stress increases with an increase in microalloying element content. 
Obviously, not all the dislocations and particles equally contribute to strengthening via 
dislocation-particle interaction. However this requires further investigation. 
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Table 3.12 Components of the predicted and the measured yield stress for the studied steels in as-rolled condition, MPa 
Calculated Measured 
precipitates Steel grade grain size solid solution
work-
hardening 50 + nm 12-50 nm total this work Corus
Accuracy, 
% 
sub-
surface 
327 34 - - 371 
C-Mn 
mid-
thickness 
318 
323 10 
23 
29 
- 
- 
- 
- 
351 
361 - 359 0.5 
sub-
surface 
452 16 5 20 521  
C-Nb 
mid-
thickness 
419 
436 28 
29 
23 
10 
8 
20 
20 
506 
514
480 
483 487 5.5  
sub-
surface 
489 21 15 75 651  
C-Nb-V
mid-
thickness 
427 
461 51 
39 
30 
15 
15 
53 
64 
585 
618
487 
489 557 10.9  
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4. MECHANICAL PROPERTY CHANGE WITH COLD DEFORMATION 
 
4.1 Mechanical properties during unidirectional deformation 
 
The strength of the microalloyed steels was studied in the as-rolled and annealed 
conditions to correlate any property change to microstructural changes. In addition differential 
scanning calorimetry (DSC) was carried out to assess any change in stored energy due to cold 
deformation. The DSC data in the 200 – 400 0C temperature range allows a qualitative and 
quantitative assessment of the mobile dislocation content, which influences strength levels 
and work-hardening rate. As the microstructure varies across plate thickness, mechanical 
properties were measured separately for the mid-thickness position (using samples of 4.5 mm 
diameter machined from the plate mid-thickness position) and as an average through plate 
thickness (using samples of 10 mm diameter, which include the plate sub-surface material). 
 
Yield stress analysis 
The average compressive yield stress measured in the as-rolled steels using plate mid-
thickness samples corresponds to the yield stress measured using through-thickness samples, 
which take into account plate sub-surface (Table 4.1). After annealing the total yield stress 
and the mid-thickness yield stress in the C-Nb steel decrease, due to dislocation annihilation. 
However, in the C-Nb-V steel, the total yield stress does not show any change and the mid-
thickness yield stress increases. Obviously, an addition to the yield stress from Cu-rich 
particle coarsening at the C-Nb-V plate mid-thickness position is prevailing over the yield 
stress drop due to dislocation annihilation.  
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Table 4.1 The average yield stress and macrohardness 
Macrohardness Yield stress, MPa 
Steel grade 
Mid-thickness Total Mid-thickness Total 
C-Nb as-rolled 193 192 480 483 
C-Nb ann 550 0C 178 178 476 469 
C-Nb-V as-rolled 209 200 487 489 
C-Nb-V ann 400 0C 186 186 508 not measured 
C-Nb-V ann 550 0C 187 187 499 487 
 
To support the yield stress development with annealing, the macrohardness change with 
annealing was studied. As seen from Figure 4.1, the macrohardness in the C-Mn steel steadily 
decreases both at the sub-surface and mid-thickness positions with annealing temperature 
increase, due to the dislocation annihilation. In the alloyed steels dislocation movement is 
retarded by the microalloying element particles, so in these steels hardness decrease is not 
observed for heating to less than 350 0C. In the C-Nb-V steel the macrohardness at the mid-
thickness position shows a minimum at 450 0C and then is increasing with an increase in 
annealing temperature up to 550 0C. At the sub-surface position the hardness value remains 
constant in the 450 – 550 0C annealing temperature range (Figure 4.1, c). This is due to the Cu-
rich particle growth and precipitation of new CuS particles. At the mid-thickness position, 
where the Cu-rich particles are in majority, the hardness growth due to precipitation overcomes 
a decrease in hardness due to dislocation annihilation. At the sub-surface position, where the 
Cu-rich particles are in minority, the hardness growth due to precipitation is covered by the 
hardness drop due to dislocation annihilation, and the resulting measured value remains 
constant. With an increase in annealing time, from 30 min. to 8 hours, hardness increases both 
at the sub-surface and mid-thickness, as more particles precipitate. The average macrohardness 
drop with annealing temperature decreases with an increase in alloying (Figure 4.1, d). This 
corresponds to the observed behaviour in yield stress. 
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a   
b   
c   
d  
 
Figure 4.1 Macrohardness change with annealing temperature at the plate mid-thickness and 
sub-surface positions for the (a) C-Mn, (b) C-Nb and (c) C-Nb-V steels;  
(d) average macrohardness change with annealing 
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Work-hardening behaviour 
In the initially as-rolled steels the stress-strain curve shape was not observed to depend on 
steel chemistry: the yield point is followed by work-hardening (Figure 4.2,a,b). Within the 
applied strain range it is possible to distinguish two stages of work-hardening: the first stage 
is up to 3 % strain, with a lower work-hardening rate, and the second stage is above 3 %, with 
an increased work-hardening rate. According to the long range work-hardening theory, during 
the first stage of work-hardening slip occurs on favourable crystal planes and during the 
second stage on all the possible slip planes, when favourable slip planes become blocked by 
pile-ups [6]. A decrease in the mobile dislocation density and the formation of pile-ups during 
deformation of the as-rolled steels is supported by the DSC measured values of stored energy 
decreasing as strain increases. The energy released during DSC heating within the 200 – 400 
0C temperature range is due to dislocation annihilation. Mobile dislocations annihilate more 
easily than the dislocations blocked in pile-ups. So, a decrease in the released energy with 
strain is due to a decrease in the mobile dislocation density with strain.  
In contrast, the stress-strain curves of the initially annealed steels show a Lüders strain 
region, a part of the stress-strain curve parallel to the strain axis where yielding occurs 
without stress increase (Figure 4.2, c, d). This can be explained by the following: as a result of 
annealing the number of pile-ups and the total dislocation density decreases. During 
subsequent cold deformation the dislocations, left free after annealing, glide without stress 
increase until they meet new obstacles. As a result of dislocation interaction with other 
dislocations and particles the dislocation motion might be retarded. However, new mobile 
dislocations are generated by the dislocation sources, and easy glide continues. This can be 
supported by the DSC curves increasing with strain increase. As the mobile dislocation 
density increases with strain, the released energy during DSC heating increases as a result of 
the mobile dislocation annihilation. Higher Lüders strain in the C-Nb-V steel compared to the 
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C-Nb steel for the same annealing conditions can be related to a greater number of possible 
dislocation sources in the C-Nb-V steel. As the particle number density and the dislocation 
density are higher in the C-Nb-V steel, moving dislocations can be more easily stopped by the 
obstacles and become dislocation generation sources. 
 a b  
c d  
Figure 4.2 Plate mid-thickness position stress-strain curves with the corresponding stored 
energy data, measured using DSC from peaks in the 200 – 400 0C range, for the (a) C-Nb and 
(b) C-Nb-V steels in the as-rolled initial condition; and (c) C-Nb and (d) C-Nb-V steels in 
the annealed at 550 0C for 30 min. condition 
 
The stress-strain experimental curves can by approximated by a power equation: 
σ = Kεn,    (4.1) 
where σ is stress, ε is strain, K is a work-hardening coefficient and n is work-hardening 
exponent. 
Approximation with equation (4.1) gave for the C-Nb as-rolled steel (Figure 4.3): 
σ = 490ε0.06  - below 3 % strain 
and  
σ = 410ε0.24 - above 3 % strain; 
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for the C-Nb-V as-rolled steel 
σ = 490ε0.06 - below 3 % strain 
and  
σ = 410ε0.25  - above 3% strain. 
For the studied steels in the as-rolled condition the work-hardening exponents above 3% 
strain, 0.24 in the C-Nb and 0.25 C-Nb-V steel, corresponds to previously obtained data for 
the same steel grades [146]. 
a b  
Figure 4.3 Theoretical calculation of the stress-strain curves of the (a) C-Nb and  
(b) C-Nb-V steel with the equation σ = Kεn 
 
The discrepancy between the measured value and the data calculated from equation (4.1) 
may reach 4 % below 1 % strain. A better fit for strains below 1 % may be given by the 
following model: 
σ = σ0 + aεb,    (4.2) 
where σ0 is the initial yield stress. 
Approximation with the equation (4.2) gave for the C-Nb as-rolled steel (Figure 4.4): 
σ = 472 + 18ε0.80  - below 3 % strain 
and  
σ = 472 + 18ε1.18 - above 3 % strain; 
for the C-Nb-V as-rolled steel 
σ = 484 + 15ε0.90 - below 3 % strain 
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and  
σ = 484 + 15ε1.28  - above 3% strain. 
a b  
Figure 4.4 Theoretical calculation of the stress-strain curves of the (a) C-Nb and  
(b) C-Nb-V steels with the equation σ = σ0 + aεb 
 
Work-hardening exponent dependence on steel chemistry was not observed in the as-
rolled steels (Table 4.2). However, alloying influences the work-hardening rate change with 
annealing. In the C-Nb steel the work-hardening exponent decreases with annealing due to 
dislocation annihilation. In the C-Nb-V steel the work-hardening exponent also decreases 
after annealing at 400 0C due to dislocation annihilation. However, with annealing 
temperature increase to 550 0C the work-hardening exponent increases due to particle growth, 
namely an increase in 12-50 nm particle number density. An increase in the work-hardening 
exponent from the C-Nb to the C-Nb-V steel, annealed at 550 0C, can be related to the particle 
number density increase with an increase in the microalloying element content. 
Analysis of the work-hardening behaviour dependence on the microstructural parameters 
has shown that with an increase in dislocation density and particle number density the work-
hardening exponent increases, Figure 4.5, a, and the work-hardening coefficient decreases, 
Figure 4.5, b. Relative influence of the dislocation density on the parameters of work-
hardening was observed to be 3 – 4 times higher than that of the particle number density.  
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Table 4.2 The measured yield stress and work-hardening exponent for the plate mid-thickness 
material 
Work-hardening exponent 
Steel grade Yield stress, MPa stage 0 stage I stage II 
C-Nb as-rolled 480 - 
n = 0.06 
< 3 % 
n = 0.24 
3% < 
C-Nb ann 550 0C 476 
n = 0 
Lüders strain < 1.5 % 
n = 0.15 
1.5 % < 
C-Nb-V as-rolled 487 - 
n = 0.06 
< 3 %  
n = 0.25 
3 % < 
C-Nb-V ann 400 0C 508 
n = 0 
Lüders strain < 0.8 % 
n = 0.04 
0.8 - 2.5 %  
n = 0.15 
2.5 % < 
C-Nb-V ann 550 0C 499 
n = 0 
Lüders strain < 3 % 
n = 0.28 
3 % < 
 
a b  
Figure 4.5 (a) The work-hardening exponent and (b) work-hardening coefficient dependence 
on dislocation density and particle number density  
for above 3 % forward strain 
 
4.2 Mechanical properties during reverse deformation 
 
The strength change during reverse cold deformation was studied for the microalloyed 
steels in the as-rolled and annealed initial conditions. The stress-strain curves were obtained 
during compression-tension experiments using samples machined from the plate mid-
 162
thickness area. The yield stress change during reverse deformation was assessed using the 
Bauschinger stress parameter. An understanding of the dependence of the Bauschinger stress 
parameter on the microstructure was developed via correlation of the particle number density, 
dislocation density and the yield stress. 
 
Stress-strain curve 
The reverse stress-strain curves, if plotted in the direction of positive strain, show lower 
stress values than the corresponding forward stress-strain curve due to work-softening 
(Figures 4.6, 4.7). A reverse stress-strain curve can be roughly divided by strain into three 
regions: straight lined area of elastic deformation to the yield point, a region of high work-
hardening rate and a region of low work-hardening rate. If unloading after forward pre-strain 
occurs from the region of low work-hardening rate or Lüders strain, i.e. below 2.8 % plastic 
pre-strain in the studied steels, a region of easy flow at a constant or decreasing stress is 
present on the reverse stress-strain curve. This type of behaviour during reverse shear strain 
after forward shear pre-strain of γ = 0.26 has been observed by Rauch et al. in fcc [34] and 
bcc [31] materials. In fcc materials [34] the stagnation of the work-hardening rate during 
reverse deformation was explained by the dissolution of the dislocation sub-structure during 
reverse loading, which, according to Hasegawa et al. [29], may be accompanied by a 
dislocation density decrease. However, in a later work by Vincze et al. [31] the same 
behaviour was also observed for homogeneous dislocation structures, and the main reason 
mentioned was the single dislocation-obstacle interaction process. The microstructure 
investigation, carried out in the present work, supports the latter explanation related to 
dislocation-obstacle interaction. Thus in the studied steels: 
1. no dislocation cell structure was observed, but a plateau of constant or slightly decreasing 
stress, on the reverse stress-strain curve, is present; 
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2. the plateau length and depth depend on pre-strain, although the dislocation structure type 
is not expected to change with pre-strain in the studied strain range; 
3. the plateau length and depth changes with annealing, which leads to a decrease in 
dislocation density and an increase in precipitate number density in the effective particle 
diameter range (12 – 50 nm), but does not influence significantly the dislocation structure 
type. 
a  
b  
Figure 4.6 The reverse stress-strain curves of the C-Nb steel in (a) as-rolled and (b) annealed 
initial conditions for different levels of forward pre-strain 
 
 
The observations made are not enough for a quantitative analysis of the plateau 
development with dislocation structure. However, from Figures 4.6 and 4.7 it can be seen that 
the plateau length decreases with an increase in pre-strain. With a decrease in dislocation 
density, due to annealing, the plateau length increases (compare the traces for C-Nb-V as-
rolled and annealed at 400 0C, and for C-Nb as-rolled and annealed at 550 0C). With an 
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increase in the particle number density, as a result of annealing temperature increase and 
precipitation of new particles, the plateau length decreases (compare the traces for C-Nb-V 
annealed at 400 0C and at 550 0C). This means that, with an increase in the number of 
potential dislocation-particle interaction sites, the plateau length on the reverse stress-strain 
curve decreases and finally disappears. 
a  
b  
c  
Figure 4.7 The reverse stress-strain curves of the C-Nb-V steel in (a) as-rolled and (b),(c) 
annealed initial conditions for different levels of forward pre-strain 
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The yield stress 
The reverse stress-strain curve quantitative analysis has shown that the yield stress: 
 decreases (βσ1 increases) with an increase in forward pre-strain, which qualitatively 
corresponds to the earlier observed dependence of the Bauschinger stress parameter on pre-
strain (Figure 4.8); 
 decreases with an increase in microalloying element content; 
 increases (βσ1 decreases) with annealing. 
The magnitude of the reverse yield stress value can be explained by the dislocation-
particle interaction during forward pre-strain. An increase in the number of dislocation-
particle interaction sites leads to an increase in the back stress and the yield stress during 
reverse strain decreases by the value of the back stress. The number of dislocation-particle 
interactions increases as a result of either the dislocation density or particle number density 
increasing. In the present study the dislocation density increases: 
- with an increase in forward pre-strain, 
- with an increase in initial work-hardening (compare the C-Nb and C-Nb-V steels in as-
rolled condition), 
- from the annealed to as-rolled condition (compare the C-Nb steel annealed at 550 0C and 
as-rolled and the C-Nb-V steel annealed at 400 0C and as-rolled conditions); 
and the particle number density increases: 
- with an increase in microalloying element content (compare the C-Nb and C-Nb-V 
steels in as-rolled condition), 
- with particle precipitation (compare the C-Nb-V steel annealed at 400 0C and 550 0C). 
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Figure 4.8 The Bauschinger stress parameter measured for the reverse yield point  
(approximately 0.1 % reverse strain) 
 
Correlating the results of the microstructural investigation and the mechanical property 
study for the same material conditions, it is possible to obtain a quantitative dependence of the 
Bauschinger stress parameter on dislocation density and particle number density within the 
ranges studied in this work (Figure 4.9). Quantitative contribution of the dislocation density to 
the reverse yield stress drop is observed to be approximately 4.6 times higher than the particle 
number density contribution, i.e. a 2.7 times increase in the dislocation density brings about 
the same Bauschinger stress parameter increase as 12.5 times increase in the particle number 
density. 
 
Figure 4.9 The Bauschinger stress parameter dependence on dislocation density and particle 
number density for 1.0 %, 2.8 % and 4.7 % forward pre-strain 
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The Bauschinger stress parameter measured at 0.5 % reverse strain reflects the yield stress 
change with work-hardening in the reverse direction (Figure 4.10). The higher alloyed steels 
show a faster return to their forward direction yield stress than the lower alloyed steels (βσ3 
decreases with an increase in alloying element content, Figure 4.10 and 4.11, a). This is in 
good agreement with literature data and can be explained by dislocation immobilization by 
particles during reverse slip leading to the work-hardening rate increasing. However, steels 
which are higher work-hardened in the forward direction show a slower return to their 
forward direction yield stress than the lower work-hardened steels (βσ3 increases with pre-
strain and decreases with annealing, Figures 4.10 and 4.11, b). A decrease in the reverse 
work-hardening rate with dislocation density increase during forward straining might be 
explained by dislocation pile-ups on the favourable slip planes leading to cross-slip, which is 
a reason for the work-hardening rate stagnation widely reported during unidirectional 
deformation [6]. 
 
 
Figure 4.10 The Bauschinger stress parameter measured for 0.5 % reverse strain  
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Figure 4.11 Schematic presentation of the reverse stress-strain curves on the basis of the 
obtained data for the Bauschinger stress parameters (Figures 4.8 and 4.10) 
 
Work-hardening behaviour 
Approximation of the reverse stress-strain curves, Figures 4.6 and 4.7, by the power 
equation σ = Kεn has shown that the work-hardening exponent is independent, and the work-
hardening coefficient is dependent, on pre-strain. For the “below 0.7 %” reverse strain range 
the work-hardening coefficient increases with an increase in forward pre-strain, after a 
minimum at 1 - 3 % pre-strain (Table 4.3, Figure 4.12, a). This minimum can be explained by 
the generation of new dislocations, free from obstacles, during the first stages of forward pre-
straining, i.e. below 3 %, which facilitates slip during reverse deformation. With an increase in 
forward pre-strain the dislocation density and the number of dislocation-obstacle interaction 
sites increases significantly, which leads to the work-hardening coefficient in the reverse 
direction increasing. For the “above 0.7 %” reverse strain range the work-hardening coefficient 
steadily increases with an increase in forward pre-strain, due to the total increase in dislocation 
density (Figure 4.12, b). 
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Table 4.3 Approximate equations for the reverse stress-strain curves  
Reverse stress-strain curve approximation equation 
Steel grade Forward  pre-strain, % below 0.7 %  0.7 – 5.0 % 
C-Nb as-rolled 
0.3 
0.9 
2.8 
4.9 
560⋅ε0.42 
480⋅ε0.42 
500⋅ε0.42 
520⋅ε0.42 
475 MPa 
430⋅ε0.11 
460⋅ε0.11 
480⋅ε0.11 
C-Nb ann 550 0C 
0.5 
 
1.8 
4.3 
530⋅ε0.42 
 
450⋅ε0.42 
510⋅ε0.42 
478 MPa 
(425⋅ε0.11 above 4%) 
440⋅ε0.11 
465⋅ε0.11 
C-Nb-V as-rolled 
0.3 
 
0.8 
 
2.8 
4.7 
565⋅ε0.36 
 
525⋅ε0.36 
 
505⋅ε0.36 
565⋅ε0.36 
487 MPa 
(445⋅ε0.09 above 3%) 
497 MPa  
(455⋅ε0.09 above 3%) 
473⋅ε0.09 
510⋅ε0.09 
C-Nb-V ann 400 0C 
0.5 
 
2.1 
3.3 
530⋅ε0.32 
 
475⋅ε0.32 
530⋅ε0.32 
485 MPa 
(425⋅ε0.08 above 4%) 
460⋅ε0.08 
493⋅ε0.08 
C-Nb-V ann 550 0C 
0.6 
 
1.9 
4.1 
560⋅ε0.39 
 
500⋅ε0.39 
520⋅ε0.39 
490 MPa 
(445⋅ε0.09 above 4%) 
465⋅ε0.09 
487⋅ε0.09 
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a b  
Figure 4.12 The reverse work-hardening coefficient for the (a) below 0.7 % and (b) above 0.7 
% reverse strain 
 
The work-hardening exponent decreases with an increase in microalloying element content, 
i.e. from the C-Nb to the C-Nb-V steel. This corresponds to the decrease in work-hardening 
exponent with an increase in steel strength observed earlier [50]. The work-hardening coefficient, 
for the same levels of pre-strain, is larger in the C-Nb-V steel compared to the C-Nb steel. This is 
due to a larger number of obstacles to the dislocation slip, i.e. dislocations and particles, in the C-
Nb-V steel. 
In the C-Nb steel, annealing at 550 0C did not affect the work-hardening exponent, 
although the work-hardening coefficient decreased due to dislocation annihilation. In the C-
Nb-V steel both the work-hardening exponent and coefficient for the “below 0.7 %” reverse 
strain range decrease after annealing at 400 0C, due to dislocation annihilation. However, 
annealing at 550 0C led to both the work-hardening exponent and coefficient increasing, due 
to Cu-rich particle precipitation. For the “above 0.7 %” reverse strain range the work-
hardening behaviour of the C-Nb-V steel did not change significantly with annealing. 
Obviously, the work-hardening rate stagnation due to dislocation annihilation was 
compensated by particle precipitation. 
Analysis of the work-hardening behaviour dependence on the microstructural parameters 
has shown that, with an increase in dislocation density and particle number density, the work-
 171
hardening exponent decreases, Figure 4.13, and the work-hardening coefficient increases, 
Figure 4.14. Relative influence of the dislocation density on the parameters of work-hardening 
was observed to be 3 – 4 times higher than the particle number density influence. In summary 
the effect of alloying and initial work-hardening on the work-hardening behaviour during 
reverse deformation will result in a lower work-hardened but more highly alloyed steel more 
quickly returning to its forward direction properties (see also C-Nb and C-Nb-V steels annealed 
at 550 0C on Figure 4.10). 
a b  
Figure 4.13 The work-hardening exponent dependence on the dislocation density and particle 
number density for the (a) below 0.7 % and (b) above 0.7 % reverse strain 
a b  
Figure 4.14 The work-hardening coefficient dependence on the dislocation density and 
particle number density for the (a) below 0.7 % and (b) above 0.7 % reverse strain after 2.0 % 
forward pre-strain 
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4.3 Theoretical assessment of property development during UOE pipe-forming 
 
Using the obtained dependences of the work-hardening parameters on microstructure it 
should be possible to predict strength change during each stage of the UOE pipe forming 
process and, in particular, plate to pipe property change. An example discussed below shows the 
yield stress calculation for the area opposite to the weld during pipe forming of a 914 mm 
outside diameter 25 mm wall thickness pipe from the C-Nb-V steel (Figure 4.15). Property 
measurements for more than two half-cycle deformations, i.e. forward-reverse-forward and 
forward-reverse-forward-reverse, were not carried out in the present project. However, earlier 
research into low cycle fatigue of carbon steels [63, 153] shows that the stress hysteresis loop 
can be symmetric to the strain axis from the third half-cycle (Figure 4.16). This allows 
calculation of the strength change during U-ing using equations for forward work-hardening 
and during all other forming stages using equations for reverse work-hardening. The calculation 
is separately carried out for the inside and outside surfaces of the pipe wall, taking as initial 
conditions plate sub-surface microstructure parameters. As, during plate bending, the neutral 
layer is assumed to be at the plate mid-thickness, deformation at the mid-thickness, and relating 
property changes to it, is neglected during U-ing and O-ing stages. However, during “Killing” 
and Expansion the neutral layer deformation is taken into account, as these forming stages are 
performed as whole cross-section compression and whole cross-section tension respectively. 
 
Figure 4.15 Strain development during the UOE forming of a 914 x 25 mm pipe 
(for strain calculation see section 1.6) 
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a  
b  
Figure 4.16 Low cycle fatigue stress-strain curves  
of (a) 0.47C-0.02Mo-0.19Cu-0.09Cr [153] and (b) HSLA-50 steels [63] 
 
U-ing stage 
Initial conditions for the inside and outside surfaces: forward strain 4.6 %, dislocation 
density 1.22 x 1014 m-2, particle number density 208 μm-3. On the basis of the forward work-
hardening exponent and work-hardening coefficient dependences on dislocation density and 
particle number density, Figure 4.5, the stress-strain curve approximation equation can be 
found as follows: 
σ = 430⋅ε0.21. 
Substitution of strain will give the yield stress for the inside and outside surfaces: 
σin(out) = 430⋅4.60.21 = 592 MPa. 
Dislocation density, ρ, increase during U-ing can be calculated using literature data [28] 
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of the dislocation density dependence on strain (Figure 4.17): 
ρU = (1.22 + 4.6⋅0.15) x 1014 = 1.91 x 1014 m-2 
 
Figure 4.17 Dislocation density dependence on strain, for a ferritic steel  
0.16C-1.43Mn-0.41Si [28], approximated by a straight line  
 
O-ing stage 
Initial conditions: forward pre-strain 4.6 %, reverse strain 1.8% (inside surface) and 1.7 % 
(outside surface), dislocation density 1.91 x 1014 m-2, particle number density 208 μm-3. Using 
the obtained dependences of the reverse work-hardening exponent and work-hardening 
coefficient on dislocation density and particle number density, Figures 4.12 - 4.14, b, for 4.6 
% pre-strain and more than 0.7 % reverse strain the stress-strain curve approximation 
equation will be as follows: 
σ = 484⋅ε0.09. 
Substitution of strain will give the yield stress: 
for the inside surface σin = 484⋅1.80.09 = 510 MPa, 
and for the outside surface σout = 484⋅1.70.09 = 508 MPa. 
From Figure 4.17 it is seen, that for 4.6 % forward pre-strain the dislocation density 
decrease during reverse straining is about 1.4 times. So, the dislocation density at the end of 
the O-ing stage will be: 
0.15 x 1014 m-2/% 
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ρO = 1.91 x 1014 / 1.4 = 1.36 x 1014 m-2. 
 
“Killing” stage 
Initial conditions for the inside surface: forward pre-strain 1.8 %, reverse strain 0.3%, 
dislocation density 1.36 x 1014 m-2, particle number density 208 μm-3. From Figures 4.12-
4.14,a, for 1.8 % pre-strain and less than 0.7 % reverse strain the stress-strain curve 
approximation equation will be as follows: 
σ = 474⋅ε0.38. 
Substitution of strain will give the yield stress for the inside surface:  
σin = 474⋅0.30.38 = 300 MPa. 
Initial conditions for the outside surface: forward pre-strain 1.7 %, forward strain 0.3%, 
dislocation density 1.36 x 1014 m-2, particle number density 208 μm-3. As for the outside 
surface there is no deformation direction change, from the O-ing to the “Killing” stage, the 
yield stress should be calculated as forward work-hardening, using the equation for the O-ing 
stage: 
σ = 484⋅ε0.09. 
Substitution of the total strain after “Killing”, i.e. 1.7 + 0.3 = 2.0 %, will give the yield 
stress for the outside surface: 
σout = 484⋅2.00.09 = 515 MPa. 
Initial conditions for the plate mid-thickness: forward strain 0.3 %, dislocation density 4.0 x 
1014 m-2, particle number density 180 μm-3. Addition to the yield stress due to work-hardening 
can be calculated according to the approximation equation for the C-Nb-V steel plate mid-
thickness: 
Δσ = 15⋅ε0.9. 
Substitution of strain will give the yield stress at the pipe wall mid-thickness: 
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σc = 490 + 15⋅0.30.9 = 495 MPa 
Due to small absolute values of deformation the dislocation density change during 
“Killing” can be neglected for the subsequent calculation. 
 
Expansion 
Initial conditions for the inside surface: forward pre-strain 0.3 %, reverse strain 1.0 %, 
dislocation density 1.36 x 1014 m-2, particle number density 208 μm-3. As a result of very low 
forward pre-strain, 0.3 %, it is possible to expect a region of Lüders strain at the inside surface 
up to 3 % reverse deformation. So, for 1.0 % reverse strain the yield stress can be calculated as 
maximum stress reached by the end of the first work-hardening region, i.e. by 0.7 % reverse 
strain. From Figures 4.12 - 4.14, a the stress-strain curve approximation equation will be as 
follows:  
σ = 545⋅ε0.38. 
Substitution of 0.7 % reverse strain, will give the yield stress for the inside surface at 1.0 % 
strain: 
σin = 545⋅0.70.38 = 476 MPa. 
Initial conditions for the outside surface: forward pre-strain 2.0 %, reverse strain 1.0 %, 
dislocation density 1.36 x 1014 m-2, particle number density 208 μm-3. From Figures 4.12-
4.14,b, for 2.0 % pre-strain and more than 0.7 % reverse strain the stress-strain curve 
approximation equation will be as follows: 
σ = 450⋅ε0.095. 
Substitution of strain will give the yield stress for the outside surface:  
σout = 450⋅1.00.095 = 450 MPa. 
Initial conditions for the plate mid-thickness: forward pre-strain 0.3 %, reverse strain 1 %, 
dislocation density 4.0 x 1014 m-2, particle number density 180 μm-3. Experimental 
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observation has shown for these conditions the yield stress to be (Figure 4.7, a): 
σc = 490 MPa. 
 
Flattening for tensile testing 
For measurement of pipe mechanical properties in the transverse orientation a segment is 
cut from the pipe wall and flattened prior to testing. As during flattening additional cold 
deformation is applied to the pipe wall, mechanical property change during flattening can 
affect the pipe property value measured with this method of testing [64, 65, 69, 146, 147]. An 
example of property change for one additional deformation half-cycle during flattening is 
presented below. 
Using a scheme of simple bending, Figure 4.18, strain during flattening can be calculated: 
on the inside surface 
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Figure 4.18 Pipe segment cross section flattened for testing;  
R0 –pipe outside radius, t – pipe wall thickness 
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Substitution of the 914 x 25 mm pipe geometry will give: 
for the inside surface 029.0
50914
25
i =−=ε ,  
and for the outside surface 027.0
914
25
o −=−=ε . 
Initial conditions for the inside surface: forward pre-strain 0.3 % (during “Killing”), 
reverse strain (1.0 + 2.9) = 3.9 % (after expansion and flattening), dislocation density 1.36 x 
1014 m-2, particle number density 208 μm-3. From Figures 4.12 - 4.14,b, for 0.3 % pre-strain 
and more than 3.0 % reverse strain the stress-strain curve approximation equation will be as 
follows: 
σ = 426⋅ε0.095. 
Substitution of strain will give the yield stress for the inside surface:  
σin = 426⋅3.90.095 = 485 MPa. 
Initial conditions for the outside surface: forward pre-strain 1.0 %, reverse strain 2.7 %, 
dislocation density 1.36 x 1014 m-2, particle number density 208 μm-3. From Figures 4.14-
4.14,b, for 1.0 % pre-strain and more than 0.7 % reverse strain we will get the stress-strain 
curve approximation equation as follows: 
σ = 434⋅ε0.095. 
Substitution of strain will give the yield stress for the outside surface:  
σout = 434⋅2.70.095 = 477 MPa. 
 
As seen from Table 4.4, the calculated average yield stress in the present example 
decreases from plate to pipe due to the Bauschinger effect. The yield stress development 
during UOE forming follows the strain development: with a decrease in absolute value of 
reverse strain the yield stress drop increases (Figure 4.19). The calculation showed that with 
an increase in microalloying element content, from the C-Nb to the C-Nb-V steel, the yield 
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stress drop from plate to pipe increases, which corresponds to measured data. This is due to an 
increase in the Bauschinger effect with an increase in dislocation density and particle number 
density. The calculated yield stress after flattening lies in the literature data range. However, 
the calculated yield stress is lower, compared to the measured value for the same steel [146], 
and increases during flattening, though previously reported data show a decrease in strength 
from pipe to flattened specimen [64,65,69]. This might be explained if flattening occurs not 
through one deformation half-cycle leading to work-hardening, as was assumed during 
calculation, but through a series of forward-reverse deformation cycles leading to work-
softening. In addition, the stress-strain curve during the third deformation half-cycle (inside 
surface during “Killing” and outside surface during Expansion) was assumed to be dependent 
only on the second half-circle (O-ing) and independent on the first half-cycle (U-ing) (Figure 
4.20). If the third half-circle stress-strain curve goes closer to the forward stress-strain curve 
the yield stress after Expansion will be higher than calculated in the present example, but this 
requires further investigation. 
 
Table 4.4 The yield stress change from plate to pipe during forming of a 914 x 25mm pipe 
from the C-Nb-V steel 
area plate U-ing O-ing “Killing” Expansion flattening 
inside 540 592 510 300 476 485 
mid-thickness 490 490 490 495 490 490 
outside 540 592 508 515 450 477 
average 515 541 500 451 477 486 
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Figure 4.19 Calculated yield stress change during the UOE forming  
(with respect to the plate yield stress in transverse orientation) 
 
 
 
Figure 4.20 Schematic presentation of the stress-strain curve assumed for the calculation  
 
 
 
 
 
 181
5. CONCLUSIONS  
 
Microstructure and mechanical property investigation of three line pipe steels differing in 
chemistry but processed according to similar rolling schedules, leads to the following 
conclusions. 
 
In the area of the plate material microstructure 
1. Ferrite grain size increases towards the plate mid-thickness (due to plate processing 
schedule) and decreases with an increase in microalloying element content, due to Zener 
drag effect. 
2. Second phase (pearlite) content increases towards the plate mid-thickness due to 
macrosegregation and decreases with carbon content decrease in steel composition. 
Experimentally measured values correspond to the Thermo-Calc theoretical predictions. 
3. Morphology of Mn-, Si- and Al-rich inclusions depends on steel chemistry: the inclusion 
length along the rolling direction decreases with an increase in Nb and V content. 
4. Any significant difference in Si and Mn content across plate thickness was not observed in 
the C-Nb and C-Nb-V steels. Absolute values of Si and Mn content measured with SEM-
EDS correspond to the steel chemistry provided by Corus with a discrepancy 5 – 8 %. 
5. In the C-Nb-V steel V content difference across plate thickness was not observed. Nb 
content was observed increasing towards the plate mid-thickness, which qualitatively 
corresponds to the measured Nb-rich particle volume fraction. 
6. In the C-Nb and C-Nb-V steels Nb-Ti-rich particles larger than 50 nm in diameter were 
characterized in terms of volume fraction and number density for the plate sub-surface and 
mid-thickness positions separately for ferrite and pearlite (with adjacent ferrite) regions. 
Average through thickness measured particle volume fraction increases with an increase 
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in microalloying element content. Absolute values of the average volume fraction 
correspond to the Thermo-Calc theoretical predictions. 
7. Pearlite areas (including adjacent ferrite) are richer in microalloy particles due to 
microsegregation, which corresponds to previous research. 
8. In the C-Nb steel the diameter, volume fraction and number density of the Nb-Ti-rich 
particles increase towards the plate mid-thickness. However, in the C-Nb-V steel the 
difference in particle parameters between the plate sub-surface and mid-thickness is not 
significant. 
9. The volume fraction of Nb-Ti-rich particles smaller than 50 nm in diameter measured at 
the as-rolled C-Nb steel plate mid-thickness position corresponds to the Thermo-Calc 
theoretical prediction. 
10. The diameter, volume fraction and number density of (Nb,Ti,V+Cu)-rich particles 
smaller than 50 nm in the C-Nb-V steel have been measured in the sub-surface and mid-
thickness areas for the as-rolled and annealed, at 400 0C and 550 0C for 30 min., 
conditions. In the as-rolled C-Nb-V steel the particle volume fraction decreases towards 
the plate mid-thickness, which corresponds to the Nb-Ti-rich particle distribution in 
ferrite measured with SEM. 
11. At the C-Nb-V steel plate sub-surface position the particle number density increases 
with annealing due to precipitation of Cu-rich particles; at the mid-thickness position the 
particle number density at first increases due to precipitation and then (with an increase 
in annealing temperature) decreases due to Cu-rich particle growth. 
12. Dislocation structures observed in the as-rolled and annealed C-Nb and C-Nb-V steels 
correspond to earlier reported dislocation structures in the bcc materials. The measured 
dislocation density in the as-rolled and annealed C-Nb and C-Nb-V steels corresponds 
to the literature data. 
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13. The dislocation-particle interaction analysis showed that  
•  (Nb,Ti,V)-rich particles larger than 50 nm effectively block the dislocations during slip; 
however these particles cannot cause strong precipitation strengthening, as their 
interparticle spacing is larger than average dislocation length, determined in 2D, 
• Cu-rich particles smaller than 12 nm may not block dislocations effectively and can be 
disregarded as sources of precipitation strengthening. 
 
In the area of the plate material mechanical properties 
14. For the studied steel grades (average grain size 2.5 – 3.0 μm, 12-50 nm particle number 
density 70 – 900 μm-3, dislocation density (1…4) x 1014 m-2) the parameters of work-
hardening (coefficient and exponent) during unidirectional deformation were quantified 
by a dependence on particle number density and dislocation density. 
15. The Bauschinger effect (yield stress decrease) and parameters of work-hardening 
(coefficient and exponent) during reverse deformation were quantified by a dependence 
on particle number density, dislocation density and forward pre-strain (within 0.3 – 4.9 % 
pre-strain range). 
 
In the area of the UOE pipe forming process 
16. On the basis of the yield stress dependence on microstructure, experimentally obtained 
in the present work, the yield stress change on each stage of the UOE pipe forming 
process was calculated. The higher alloyed steel showed a larger yield stress drop from 
plate to pipe, due to the higher Bauschinger effect.  
17. Calculation predicts the plate to pipe yield stress change to be 4 MPa for the C-Nb steel 
and 29 MPa for the C-Nb-V steel. This is in a good agreement with earlier measured data 
of 4 ± 4 MPa for the C-Nb and 10 ± 4 MPa for the C-Nb-V steel [146]. An increase in 
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discrepancy between the measured and calculated data with an increase in microalloying 
element content can be related to an assumption that work-hardening during the third 
deformation half-cycle (forward-reverse-forward) can be calculated using dependences 
for the second deformation half-cycle (forward-reverse). However, higher alloyed steel, 
i.e. C-Nb-V, should be expected to return more quickly to its forward direction 
properties during the third deformation half-cycle. Thus, the assumption in the present 
work results in a decreased value of the calculated yield stress in the C-Nb-V steel. 
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6. FUTURE PLAN OF RESEARCH 
 
Microstructure-property research for the line pipe steels can be continued in the following 
areas: 
 
In the area of the plate material microstructure 
1. Influence of plate processing parameters (amount of strain below recrystallization stop 
temperature, finish rolling temperature and cooling rate) on ferrite grain size and second 
phase content distribution across plate thickness – can be studied using optical microscopy 
of samples industrially produced to varying processing schedules. 
2. Influence of steel chemistry (microalloying element type and content) and plate 
processing parameters (soaking time and temperature, finish rolling temperature and 
cooling rate) on the: 
 microalloying element, i.e. Ti, Nb, V and Cu, segregation across plate thickness – 
can be studied using SEM-EDS, 
 diameter, volume fraction and number density of microalloying element particle 
distributions across plate thickness – can be studied using SEM and TEM imaging. 
3. Influence of plate processing parameters (amount of strain below recrystallization stop 
temperature, finish rolling temperature and cooling rate) on dislocation structure 
development and dislocation density – can be studied using TEM imaging. 
4. Influence of particle chemistry on particle diameter range, which effectively blocks 
dislocations during dislocation-particle interaction – can be studied using TEM imaging 
and TEM-EDS. 
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In the area of the plate material mechanical properties 
5. The Bauschinger effect and work-hardening behaviour quantitative dependence on ferrite-
pearlite microstructure for the following parameter ranges: 
 ferrite grain size up to 3.0 μm, 12-50 nm particle number density above 250 μm-3 
and dislocation density above 1.5 x 1014 m-2; 
 ferrite grain size above 3.0 μm. 
6. The Bauschinger effect and work-hardening behaviour qualitative and quantitative 
dependence on the second phase type (pearlite, acicular ferrite, bainite).  
 
Mechanical testing should be carried out for up to 0.07 forward pre-strain, at strain rate of 
0.001- 0.01 s-1 and at room temperature. 
 
In the area of the UOE pipe forming process 
7. Experimental investigation of plate to pipe property change for varying microalloying 
element content: Ti up to 0.05 wt%, (Nb + V) in the range of 0.10…0.15 %, Cu up to 2.0 
%, Mo up to 0.70 % and Cr up to 0.80 %. 
8. Experimental investigation of stress-strain curve for more than two deformation half-
cycles, i.e. forward-reverse-forward and forward-reverse-forward-reverse, in the whole 
range of microstructure types and dislocation-particle interaction parameters. Mechanical 
testing should be carried out for up to 0.07 forward pre-strain, up to 0.03 reverse strain, 
and up to 0.01 forward strain (third deformation half-cycle) at the same strain rate in the 
range of 0.001- 0.01 s-1 and at room temperature. 
9. Experimental and theoretical analysis of deformation during flattening of pipe coupons for 
mechanical testing. Experimental investigation of pipe to flattened specimen property 
change for varying steel chemistries. 
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